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Abstract 
 
Carbide based materials (SiC, TiC and ZrC) have long been suggested for use within core 
components and structural materials in the next generation of fission reactors. Their 
characteristics satisfy the reactor material criteria in terms of good mechanical property, 
corrosion resistance, fission product retention ability, and low neutron cross section absorption. 
However, a major drawback of such materials is their brittleness. Thus, the aim of this project 
is to overcome this brittle behaviour by the fabrication of carbide composites. In addition to 
this, understanding the various composite interfaces (Ex. TiC/TiC, TiC/SiC and SiC/SiC) will 
give crucial information for materials design and simulation.                                                                                                
TiC-SiC composites were prepared by spark plasma sintering (SPS). The relative density 
of TiC-30%SiC (70% and 30% mole of TiC and SiC, respectively) and TiC-50%SiC (50% and 
50% mole of TiC and SiC, respectively) reached to approximately 99 % without sintering aids 
at SPS temperature of 2100 °C, 50 MPa.  Morphology and mechanical properties correlation 
were investigated by Scanning Electron Microscopy (SEM) and Transmission Electron 
Microscopy (TEM). They exhibited excellent thermal and mechanical properties. Thermal 
conductivities of TiC-30% and 50% SiC are 67 and 50 W/m K-1 respectively and stable over 
100 – 500 °C. Their Vickers hardness was 26-31 GPa. Remarkably, the fracture toughness of 
TiC-SiC composites (~ 7.9 MPa √m) was considerably higher than TiC, SiC and previous 
reports.  
Moreover, ZrC-SiC composites were prepared and investigated by similar procedure as 
TiC-SiC composites. Their mechanical and thermal properties were worse than TiC-SiC 
composites in that their facture toughness and thermal conductivity was about 3.2 MPa √m and 
30-50 W/m K-1 at room temperature. However, ZrC-SiC composites are interesting in term of 
low neutron absorption.  
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1. Introduction and research objectives 
To meet increased demand for electricity with the provision of clean, reliable energy and 
a reduction of air pollution, nuclear power has been considered as important electricity 
production. In 2011, 2236 million tonnes CO2 emission was produced from generating 2518 
TWh of electricity by coal-fired reactors, whereas only 73 million tonnes of CO2 was produced 
from nuclear power plants generating the same amount of electricity [1]. According to an 
International Energy Agency (IEA) report, nuclear energy accounted for approximately 18.7 
% of total world electricity in 2016 [2]. More than 430 commercial nuclear power plants in 31 
countries are in operation, and a further 72 power plants are under construction [2].  
In mid-2001, the Generation IV International Forum (GIF) was chartered, which consists 
of members from 14 countries: Argentina, Brazil, Canada, France, Japan, South Korea, South 
Africa, the UK, the USA, Switzerland, the EU (Euratom), China, Russia and Australia with the 
aim of sharing their R&D knowledge [3]. In late 2002, GIF announced a roadmap of proposed 
new reactor concepts for Generation IV (Gen IV) nuclear reactors for deployment between 
2020 and 2030 [3-6]. The purposes of new designs are to enhance safety, reliability, protect 
against proliferation and minimise nuclear waste [3-6]. There are six candidates for advanced 
systems from 130 proposed systems: three thermal neutron reactors (GFR, SFR and LFR) and 
three fast neutron reactors (VHTR, MSR and SCWR) [3-6]. The new reactors operate at higher 
temperatures than today’s reactors [3-6]. Furthermore, fast neutron reactors offer significantly 
more efficient use of uranium fuel. Running the reactors at the high temperatures requires a 
material that retains shape and strength, while also allowing neutron transport [7, 8]. Hence, 
materials selection and development is an important key to the success of the Gen IV reactors. 
Material characterisation and in-situ experiments should be integrated to construct an accurate 
model to predict reactor damage during their lifetime in extreme conditions (high temperature, 
high pressure and neutron irradiation) inducing material defects from atom scale to macro scale 
[7, 8].  
After the Fukushima accident in 2011, several cladding materials are proposed to use in 
Gen IV reactors instead of Zr-based materials to improved safety for water-cooled reactors in 
a loss-of-coolant accident (LOCA) [4, 9]. Refractory carbides such as silicon carbide (SiC), 
zirconium carbide (ZrC) and titanium carbide (TiC) are promising candidates for LFR, VHTR 
and GFR reactors according to their superior properties; their high melting point, excellent 
resistance to fission products attack, high thermal conductivity at very high temperatures, and 
low neutron absorption cross-sections [4, 9]. Therefore, their properties may allow the SiC-
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based claddings to operate at higher temperatures (> 850 °C) [10-14]. However, the drawbacks 
of SiC include being challenging to sinter without sintering aids and having a low fracture 
toughness [15, 16]. Incorporation of refractory carbides such as TiC and ZrC in SiC have been 
reported to enhance their toughness [17-22]. SiC/SiCfibre have been widely studied for cladding 
[10-14]. By contrast, there are few reports regarding TiC/SiC and ZrC/SiC composites for 
nuclear applications, even though the thermal conductivity of TiC/SiC composites tend to be 
better than SiC/SiCfibre due to the benefit of TiC conductivity which increases proportionally 
to temperatures[15, 16]. In contrast, SiC/SiCfibre thermal conductivity changes inversely to 
temperature [10-14]. The structural properties of TiC/SiC and ZrC/SiC composites must be 
understood in the context of the applications in which they will be used. Development of 
databases that correlate physical, chemical, and nuclear properties would accelerate and 
facilitate innovations in nuclear designs [7, 8].  
Therefore, this research aims to develop the process route to manufacture TiC/SiC and 
ZrC/SiC composites with high density, strength and toughness and good thermal conductivity, 
correlate microstructure with mechanical and physical properties, and understand the 
toughening mechanisms in these composites.  
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2. Literature review  
2.1 Generation IV (Gen IV) nuclear reactors  
Table 2.1 shows the six proposed designs of Gen IV reactors by GIF [4, 23-25]. The three 
fast reactor designs consist of GFR (Gas-cooled Fast Reactor), SFR (Sodium-cooled Fast 
Reactor) and LFR (Lead-cooled Fast Reactor). The other three thermal reactor designs are 
VHTR (Very high-temperature reactor), SCWR (Supercritical water-cooled reactor), and MSR 
(Molten Salt Reactor). 
Table 2.1 Summary of Gen IV reactor systems [25] 
Reactor system Coolant 
Neutron 
spectrum 
Core outlet 
temperature (°C) 
Gas-cooled fast reactor (GFR) Helium gas Fast ~ 850 
Lead-cooled fast reactor (LFR) Liquid metal Pb, Pb-Bi Fast 550-800  
Sodium-cooled fast reactor (SFR) Liquid sodium Fast ~550  
Very high-temperature reactor (VHTR) Helium gas Thermal > 900  
Supercritical water-cooled reactor (SCWR) Supercritical water Thermal 350-620  
Molten salt reactor (MSR) Molten salt Thermal 700-800 
 
All six designs have extremely high operating temperatures and neutron damage up to 
~150 dpa (displacement per atom) compared to previous commercial reactors; for example, 
PWR (Pressurized Water Reactors) operates at 325 °C [4, 23-25]. The thermal neutron reactors 
use thermal neutrons which are moderated by a neutron moderation, so their energy (0.025 
MeV) is significantly lower than fast neutron reactors (1-20 MeV) [26]. Nevertheless, for 
thermal neutron reactors, the nuclear cross-section of uranium-235 is much higher. Thus 
thermal neutron reactors tend to cause fission reaction of uranium-235 instead of being 
captured by uranium-238 resulting in increased fission yield [26].  On the other hand, fast 
neutron reactors continue the fission reaction by fast neutrons without the neutron moderator. 
Hence, they have an advantage in terms of the increase in the transmutation of undesirable and 
fertile isotopes into usable fuel, leading to the reduction of nuclear waste [4, 5, 23-25, 27-30]. 
Non-water coolants are applied to Gen IV nuclear reactors as shown in Table 2.1. Helium 
gas as a coolant providing a high energy neutron spectrum due to a low absorption cross-section 
is proposed to use in VHTR and GFR, which run at an extremely high temperature [4, 5, 23-
25, 27-30]. Sodium is a candidate for SFR reactor because of its relatively low melting 
temperature (98 °C), low neutron capture cross-section, low occurrence of troublesome fission 
products, excellent flow characteristics and excellent compatibility with fuel and structural 
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materials [4, 5, 23-25, 27-30].  LFR utilises a lead (Pb) or a lead-bismuth eutectic (Pb-Bi) as 
the coolant. An obstacle to using Pi-Bi is the generation of 210 Po (the highly active isotope) [4, 
5, 23-25, 27-30]. One of the most challenging aspects of lead technology is its corrosive nature, 
which requires careful oxygen control and the use of highly corrosion-resistant materials [4, 
25]. However, SCWR is the light water reactor that operates above the thermodynamic critical 
point of water (374 °C, 22 MPa), which only exists as vapour [3, 4, 23-25, 31]. 
 
2.2 Material challenges for Generation IV nuclear reactors 
Gen IV reactors share some similar desirable requirements for the structural materials 
used in the core reactor (which contains the fuel assemblies, the moderators and the control 
rods) and outside the core reactor. Firstly, excellent dimensional stability against thermal and 
irradiation creep and void swellings are required [4, 24, 25, 27, 28, 30]. Secondly, favourable 
mechanical properties such as strength, ductility, creep rupture, fatigue and creep-fatigue 
interactions are necessary [4, 24, 25, 27, 28, 30]. Moreover, acceptable resistance to radiation 
damage (irradiation hardening and embrittlement) under high neutron doses (10-150 dpa or 
‘displacements per atom’), helium embrittlement is essential [4, 24, 25, 27, 28, 30]. In this 
regard, resistance to stress corrosion cracking (SCC) and irradiation assisted stress corrosion 
cracking (IASCC) are essential. Finally, workability, weldability, and cost are other crucial 
aspects that need to be considered with the materials selection process [32].  
As shown in Figure 2.1, the Gen IV reactor operates at a higher temperature and neutron 
damage level (dpa) than Gen II/III reactors. The high operating temperature of the Gen IV 
reactors would limit the utilisation of zircaloy as the cladding [5, 8, 30].  The beta to alpha 
phase transformation in the zircaloy takes place at a temperature above 800 °C resulting in the 
embrittlement of the cladding [5, 10, 33, 34]. In the Fukushima Daiichi accident in 2011, a 
loss-of-coolant accident (LOCA) occurred in high-temperature steam (> 400 °C ) and directly 
contacted the zircaloy cladding, leading to a  reaction between water and Zr to generate 
hydrogen gases which then ignited/exploded [35, 36]. During LOCA, the mechanisms 
protecting against corrosion and deformation were slowed down. Thus, an interest in accident-
tolerant fuel cladding has led to modification of zircaloy by a coating process and development 
of novel fuels with an advanced cladding concept (metallic fuel and composite fuel) [13, 28, 
37]. Consequently, advanced materials such as F/M stainless steels, austenitic stainless steels, 
ODS alloys and refractory ceramics are proposed as candidates for fuel claddings in the 
Generation IV reactors, based on the maximum service temperature and neutron absorption as 
12 
 
shown in Table 2.2 [5, 25, 32, 38] [13]. Hence, the cladding material analysis related to the 
new fuels needs to be investigated to evaluate the potential fuel performance.  
Table 2.2 Calculated effective neutron absorption cross-section (neutron absorption cross 
section per unit of yield strength compared to Zr alloys) and maximum service temperature 
for selected materials for Generation IV nuclear reactors [13] 
Materials 
Maximum service 
Temperature (°C ) 
Effective neutron absorption 
cross-section relative to  Zr alloys 
Zirconium alloys 400 1 
F/M stainless steels 500 15 
Inconel 500 15 
Austenitic stainless steels 600 15 
ODS alloys 700 15 
Nb-1Zr alloy 800 20 
Zirconium carbide (ZrC) 900 0.20 
Silicon carbide (SiC) 900 0.10 
Tantalum alloys 1000 50 
Molybdenum alloys 1100 10 
Tungsten alloys 1200 35 
*Based on neutron irradiation between 10 dpa and 50 dpa (the displacement per atom, dpa, is the 
average times that an atom is displaced for a given fluence) 
 
 
 
Figure 2.1 Main characteristics of Generation IV nuclear fission reactor systems. Note: 
Abbreviations: F-M, Ferritic–martensitic stainless steels (typically 9–12 wt.% Cr); ODS, 
oxide-dispersion-strengthened steels (typically ferritic–martensitic) adapted from [32] 
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2.3 Application of carbide materials in Generation IV nuclear reactors  
Carbide based materials are suitable for high-temperature applications and considered as 
potential candidates for core components and structural materials in Gen IV reactors [5, 13, 25, 
30, 32, 38]. Their characteristics satisfy the main criteria of cladding materials for VHTR, LFR 
and GFR regarding corrosion resistance, fission product retention ability, excellent mechanical 
property, and low neutron cross section absorption [27, 38-41].   
 
Figure 2.2 Outline of Very High-Temperature Reactor (VHTR) components adapted from [4, 
25] 
 
 
Figure 2.3 Outline of Gas-cooled Fast Reactor (GFR) components adapted from [4, 25] 
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Figure 2.4 The triple-isotropic coated fuel particle (TRISO) [42-45] 
 
Triple-isotropic coated fuel particle (TRISO) is the candidate fuel and cladding 
methodology of VHTR (Figure 2.2) and GFR (Figure 2.3) [8, 45]. The TRISO (~ 1 mm 
diameter) consists of a UO2 kernel at the centre, surrounded by an inner porous pyrolytic carbon 
layer (PyC), a silicon carbide layer (SiC), and an outer dense pyrolytic carbon layer [42-45]. 
The porous carbon absorbs the gaseous fission products, the SiC layer acts as a hard barrier to 
fission products, and the outer PyC layer provides strength as shown in Figure 2.4 [42-45].  
TRISO has several advantages in terms of ability to retain fission products and burn-up 
efficiency. However, various phenomena can lead to TRISO failure: a radial shrinkage of PyC 
layers (Figure 2.4b) from neutron irradiation and irradiation creep of PyC layers from outward 
and inward stress differences generated by containing fission gases [45]. Furthermore, 
tangential stresses in the SiC layers cause the de-bonding between PyC and SiC layers resulting 
in cracking along fuel particles as shown in Figure 2.4b [42-45]. Therefore, the failure 
mechanisms need to be understood to generate accurate models to assess how the fuel behaves 
relative to the criteria [42-45].  Additionally, alternate layers are introduced to improve the 
efficiency of containing fission products, for example, a ZrC layer as shown in Figure 2.4c [42-
45].  
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Table 2.3 GFR fuel matrix and structural material reference requirements [29]. 
Requirement Reference Value 
Melting and decomposition temperature  > 2000 °C 
Radiation-induced swelling  < 2% over service life 
Fracture toughness  > 12 MPa m1/2 
Thermal conductivity  > 10 W/mK 
Neutronic properties 
- Have low neutron absorption  
- Maintain proper safety parameters 
during service time  
 
Furthermore, silicon carbide (SiC), zirconium carbide (ZrC) and titanium carbide (TiC) 
are candidates for fuel cladding GFR. Their properties meet the requirement of GFR materials 
apart from the fracture toughness ( KIC)  as summarised in Table 2.3  [29]. Their properties and 
applications will be explained further. 
 
2.3.1  Silicon carbide (SiC) 
Silicon carbide is a refractory ceramic, and its bonding is strong covalent (300 kJ/mol 
bond energy) leading to a high melting point, thermal and chemical stability, extremely hard 
and robust materials [15, 46]. There are more than 250 polytypes of silicon carbide, for 
example, 6H-SiC, 4H-SiC and 3C-SiC as shown in Figure 2.5. Hexagonal 6H-SiC and 4H-SiC 
(α-SiC) are the most common structures, although they differ in their stacking layers: 
ABCACBABCACBA, ABACABAC and ABC respectively [15, 46]. Their structures have a 
close-packed layer (0001) of the hexagonal system, and the (111) plane of the cubic system is 
identical, while their stacking layers differ. The cubic 3C-SiC (β-SiC, zinc-blende) is the 
preferred polytypes for TRISO fuel coating. Regarding previous reports, β-SiC possibly has a 
higher radiation resistance against neutron bombardment than α-SiC [15, 46, 47].   
 
Figure 2.5 Crystal structure of 3C-SiC (β-SiC), 4H-SiC (α-SiC) and 6H-SiC (α-SiC) 
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2.3.1.1 Physical and mechanical properties of SiC  
The thermal conductivity (K) of β-SiC is shown in Figure 2.6. The K of high purity single 
crystal SiC is significant higher compared to polycrystalline SiC. Below -73oC the K of SiC 
dramatically increases with increasing temperature [46]. However, above -73oC, it decreases 
with increasing temperatures [46]. Thermal conductivity also depends on microstructures. K 
lessens with decreasing grain size because of grain boundary scattering. However, the 
differences in grain sizes become less significant with increasing temperature because the 
phonon-phonon scattering dominates other grain boundary scattering [15, 46, 48]. Impurities 
such as residual sintering additives also lower the K [46].   
 
 
Figure 2.6 Thermal conductivity of SiC at elevated temperatures [46].  
Additionally, Figure 2.7 illustrates the coefficient of thermal expansion (α) of β-SiC. As 
a result of the firm covalent bonding of SiC, thermal expansion is small (4 - 5 x 10-6 K-1) [46]. 
Apparently, β-SiC exhibits a linear thermal expansion from room temperature up to 
approximately 700 K, then roughly stabilises as a function of temperatures.  
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Figure 2.7 Thermal expansivity of β-SiC ( cubic structure) at elevated temperatures [46]. 
Note that ▲ is prepared by CVD from Pickeringe et al.[49], ♦ is  prepared CVD from Rohm 
and Haas Co.[50], ◊ is prepared reaction bonded from Suzuki et al.[51], Δ is from Li & 
Bradit [52] and □ is prepared by fluidized bed from Pojour et al. [53] 
 The elastic modulus (E0) of pore-free SiC is about 470 GPa at room temperature [15, 
46]. At elevated temperatures, SiO2 films protect bulk SiC resulting in a slight decrease in the 
elastic modulus [15, 46]. The fracture toughness (KIC) of α-SiC and β-SiC with various 
sintering additives measured from several methods is approximately 2-5 MPa √m as 
summarised in Table 2.4.   
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Table 2.4 Fracture toughness data of SiC at room temperature  
Materials 
Sintering 
Additives 
Fracture Toughness 
(MPa √m) 
Method Ref. 
Sinter α-SiCa B,C 2.6–3.4 Vickers [54, 55] 
  2.0–3.4 SCFd [54, 56, 57] 
  3.01 DTe [56] 
  3.9–5.4 SENBf [58] 
  2.91 CNBg [58] 
  4.7 Fractography [59] 
Hot-pressed α-SiCb 
Al2O3, 
WC, Co 
3.8–4.7 
3.9–4.4 
3.8–5.2 
Vickers 
SCFd 
DTe 
[60] 
[57] 
[56] 
Hot isostatic pressed α-SiC AlN 4.5–5.1 SCFd [61] 
CVD β-SiC  2.4–5.1 Vickers [50, 62-65] 
  2.7 SCFd [50] 
  3.8–4.1 DCBh [65] 
  3.7 DTe [65] 
  3.4–4.4 SENBf [65] 
  3.46 (0.16)c Vickers [46] 
  3.20 (0.12)c CNBg [46] 
Sintered β-SiC B, C 2.6–3.0 Vickers [66] 
  3.1 DTe [67] 
  2.3 SENBf [68] 
Hot-pressed β-SiC Al 2.5–4.5 SCFd [69] 
Hot isostatic pressed β-SiC AlN 3.5 SCFd [69] 
Reaction-bonded β-SiC Al 3.7 SENBf [69] 
a Carborundum Co., Hexoloy-SA. 
b Norton Co., NC-203. 
c Numbers in parenthesis are one standard 
deviation. 
d SCF: Surface crack in flexure. 
e DT: Double torsion. 
f SENB: Single-edge notched beam flexure. 
g CNB: Chevron notched beam. 
h DCB: Double cantilever beam. 
 
 
2.3.1.2 Effect of irradiation and elevated temperature on SiC  
Silicon carbide has been widely studied for nuclear applications, such as advanced 
nuclear fuel forms, structural components for fission reactors systems, blanket structures for 
fusion energy systems and the immobilisation of nuclear waste [11, 15, 46, 47, 70, 71]. It has 
a low neutron absorption cross-section (0.10 relative to zircaloy), which is an essential 
characteristic of cladding materials. The SiC-based cladding (the Westinghouse concept [28]) 
has claimed more benefits than zircaloy claddings regarding lower absorption of thermal 
neutrons, no hydrogen pick up, low corrosion rate, slower degradation in a severe accident and 
no hydrogen generation at elevated temperatures [28]. Furthermore, the ultimate tensile 
strength of SiC-based materials changes slightly from 0 - 1500 °C, whereas that of zircaloy 
claddings drop significantly [7]. In addition, zircaloy is oxidised in steam at 1200 °C, while the 
mass of the SiC rarely changes [28].  
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Neutron irradiation and fission products cause failure in SiC through swelling, 
irradiation-induced creep and thermal conductivity degradation. The microstructure evolution 
of polycrystalline β-SiC with grain sizes around 5-10 µm (fabricated by chemical vapour 
deposition, CVD) was investigated under fast neutron irradiation (1130 °C, 1.5 x 1025 n/m2) 
[72, 73]. The formation of voids is likely to start from silicon vacancies and carbon vacancies 
(black spot defect), then further accumulate to form dislocation loops, which seem to be more 
substantial at 1460 °C. The results indicated that with increasing irradiation temperature, the 
size of dislocation loops increased and the density decreased. At temperatures below 800 °C, 
defects and small dislocation loops were predominate before developing to form more 
extensive dislocation networks [72, 73].   
The behaviour of α-SiC (a mixture of 4H and 6H form) under irradiation has been 
investigated [74-77]. Several modes of damage can occur during irradiation: void formations 
from incoming ion and helium clusters, a displacement of a single atom, and amorphisation 
[74]. α-SiC has been implanted using He (with 0 – 24.7 MeV He ions up to 2500 appm), giving 
rise to a distortion of the corresponding carbon atom network [74]. At present, the mechanism 
of electron amorphisation remains unclear and with many attempts to explain the details by 
using electron-beam irradiation within a transmission electron microscope (TEM). 
Amorphisation occurs with acceleration voltages of 300 kV at room temperature (Figure 2.8), 
and the size of the  damage zone is increased with increasing irradiation time [78].   
 
Figure 2.8 Time evolution of microstructures during irradiated with a 300 keV electron beam 
at a flux of (a) 0, (b) 4.1x1024, (c) 8.3x1024, and (d) 12.4 x1024 e cm-2 [78]. 
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During service, cladding materials have to withstand high radiation levels and high 
temperatures. Defect formation from neutron irradiation influences their mechanical integrity. 
Moreover, corrosion/oxidation resistance to fuels, modulators and coolants are the significant 
development issue of SiC for the fuel cladding.  
 
2.3.2  Zirconium carbide (ZrC) 
In principle, ZrC has similar properties and characteristics to titanium carbide (TiC), 
which is a Group IV carbide. The unique properties come from a weak metallic bond of Zr-Zr 
and a strong covalent bond of Zr-C (5.812 eV), which is slightly higher than that of Si-C bond 
(4.677 eV) [79]. The physical properties of ZrC crucially depend on the stoichiometry. The 
only stable structure of ZrC is that a carbon atom is in an octahedral site (at stoichiometry), 
forming a face-centred cubic close-packed structure (Fm3m space group, Figure 2.9).   
 
Figure 2.9 The crystal structure of ZrC (red balls and black balls represent Zr atoms and C 
atoms, respectively)  
 
2.3.2.1 Physical and mechanical properties of ZrC  
It has been reported that as temperatures increase, the thermal conductivity (K) of ZrC 
increases markedly (Figure 2.10), which is an opposite trend to the SiC response. This increase 
is attributed to the contributions of phonon and electronic conduction, and the changes of 
specific heat [15, 79].  The thermal expansion of ZrC follows the same trend as other carbides. 
Therefore, it is easy to avoid mismatch expansion in the carbide composites. The thermal 
expansion coefficient (α), measured by X-Ray diffraction, reportedly increases with increasing 
temperature [15, 79].  
The Young modulus of single crystal ZrC (C/Zr = 0.89-0.94) is about 406 GPa and 
decreases with porosity, as shown in Table 2.5. The fracture toughness of high-purity ZrC0.93 
measured by Vickers indentation is approximately 1.4 MPa √m [68].  However, from the 
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Chevron-notched beam flexure method (ASTM C1421) is 2.7 MPa √m, twice as large as that 
measured by indentation techniques [68]. ZrC readily oxidises at ~ 600 °C, which is a lower 
temperature than that of SiC. Shimada et al. proposed the oxidation mechanism of ZrC which 
starts with the formation of oxycarbide at low temperatures [80]. With a temperature increase 
to  ~1300 °C, zirconia starts creating passive oxide layers which are a barrier to oxygen 
diffusion and protects ZrC from further oxidation [79].  
 
 
Figure 2.10 Variation of thermal conductivity with temperature for near stoichiometric and 
hyper-stoichiometric ZrC [79] 
 
2.3.2.2 Effect of irradiation and elevated temperature on ZrC   
Irradiation has a strong effect on the physical and mechanical properties of zirconium 
carbide. Irradiation induces the formation of dislocation loops as well as other microstructural 
changes. Neutron irradiation of less than one dpa at 130 - 350 °C induced 2 - 3.5% swelling in 
ZrC, resulting in lattice expansions and grain boundary cracks [79]. Recently, ZrC0.98 was 
tested under fast neutron irradiation (~1.5x1024 n/m2 at 150 - 1500 °C) [79]. The density 
decreased with increasing irradiation temperatures with a slight change in lattice parameters 
[79].  
Figure 2.11 illustrates how the microstructure changed from neutron irradiation as a 
function of temperatures [81]. At moderate temperatures (660 – 1000 °C), the dominant defects 
were unidentified loops (Figure 2.11a) [81]. At 1260 °C, there was a mixed population of 
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distinct Frank loops (Figure 2.11b), while at 1496 °C, the microstructures further evolved into 
prismatic loops and small voids (~ 5 nm) as shown in Figure 2.11c [81].  Moreover, it was 
reported that proton irradiation caused swelling which lattice parameters changed 0.09 % and 
0.11% at 0.7 and 1.5 dpa respectively ( 2.6 MeV at 827 °C) [75].  
 
 
Figure 2.11 Left-unidentified small loops at dose level of 3.7 x1025 n/m2, 660 °C and (a) 2.0 
x1025 n/m2, 1023 °C. Middle-mixed Frank and (most likely) prismatic loops for (b) 9.4 x1025 
n/m2, 1260 °C  and (c) Right-large prismatic loop at 5.8 x1025 n/m2, 1496 °C [81] 
 
The thermal properties of ceramics depend upon composition porosities, chemical 
composition and lattice defects. Figure 2.12 illustrates the variation of thermal diffusivity of 
ZrC0.87 with irradiation temperature in a fluence range 1.8–9.0 x1025 n/m2  (E > 0.1 MeV) [79]. 
The thermal diffusion of ZrC0.87 was projected to fall by about 15 % at < 1200 °C, attributed 
to increased phonon scattering [75, 79, 81]. This relative insensitivity of thermal 
conductivity/diffusivity of ZrC to neutron irradiation at higher temperatures may be attributed 
to the increased contribution from electronic heat conduction and the reduced number of matrix 
defects [75, 79, 81]. 
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Figure 2.12 Variation of thermal diffusivity of ZrC0.87 with irradiation temperature (Numbers 
next to data points indicate fast neutron fluence in x 1025 n/m2) [79] 
The mechanical properties of ZrC strongly depend on the Zr/C composition, leading to a 
challenging investigation. Irradiation induces hardening of zirconium carbide. The elastic 
modulus of ZrC0.98 irradiated to a fluence of 1.5 x 1024 n/m2 increases ~1.2 % at room 
temperature. However, at 1100 °C, there is no change in the elastic modulus. The hardness of 
the same samples increases ~12% and ~7% at room temperature and 1100 °C respectively [82]. 
Furthermore, irradiation causes a reduction in fracture strength due to solute segregation at the 
grain boundary.  
 
2.3.3 Titanium carbide (TiC) 
Titanium carbide (TiC) is an interstitial carbide form of the Group IV metal and carbon. 
The properties and characteristics are quite similar to zirconium carbide and hafnium carbide 
in that the metal-to-carbon bonds are relatively stronger than the metal-to-metal bonds [15]. 
TiC has unique properties such as high strength, high wear resistance and high melting point 
(3067 °C) [15]. Therefore, TiC has been utilised in several applications such as coating, cutting, 
grinding materials, and nuclear materials for the Gen IV nuclear reactor. TiC crystal structure 
is NaCl structure (space group Fm3m) as shown in Figure 2.13 
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Figure 2.13 Titanium carbide (TiC) crystal structure 
 
2.3.3.1 Physical and mechanical properties of TiC 
TiC properties are summarised in Table 2.5. Compared to ZrC, the Young modulus of 
TiC is slightly lower [15]. Also, TiC has better chemical stability in that it is resistant to most 
acids and slow oxidation processes at 800 °C [15, 48, 83].  
 
Table 2.5 A summary of the key properties of carbide materials [15]   
 
2.3.3.2 Effect of irradiation and elevated temperature on TiC  
The thermal expansion coefficient (α) of TiC increases as a function of temperature as 
shown in Figure 2.14. TiC exhibits significantly higher thermal expansion compared to SiC. 
However, the benefit of TiC is that the α is closed to nuclear fuels such as UC (uranium 
carbide), and UN (uranium nitride), which prevent thermal mismatch [84].  
Carbide 
Mp 
(°C ) 
Crystal 
structure 
Young 
modulus 
(GPa) 
Thermal 
conductivity 
( W m-1 K) 
Thermal 
expansion 
(x10-6/°C ) 
Vickers 
hardness 
(GPa) 
TiC 3067 Rock salt    410-510 21 7.4 28-35 
ZrC 3420 Rock salt 350-440 20.5 6.7 25.9 
α-SiC 2545 Hexagonal 470 43 5.1 24.5-28.2 
β-SiC 2545 Zinc blende 290-410 25.5 3.8 24.5-28.2 
Ti3SiC2 > 3000 Hexagonal 343 34 9.1 4-6 
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Figure 2.14 Average thermal expansion coefficients (α) of fuel, carbide and nitride materials 
[84] 
 
Figure 2.15 XRD diffraction pattern (a) and Raman spectra (b) of TiC crystals irradiated at 
room temperature with 1.2 MeV Au ions at several fluences  [77]. Note: the fluence is the 
number of particles or photons, or the quantity of energy, passing through the medium 
Pellegrino et al. reported the irradiation effects on TiC by 1.2 MeV Au ions [77]. Even 
at the highest fluence used (7 x 1015 cm-2), TiC is not amorphized upon ion irradiation as 
confirmed by XRD results in Figure 2.15a.  At a fluence of 2.8 x 1014 cm-1 (Figure 2.15c), the 
shape of XRD has been ascribed to a significant increase of disorder level without 
amorphisation found at the fluence of 2.8 x 1014 cm-1 [77]. The formed carbon vacancies 
destroy the symmetry of stoichiometric TiC (NaCl structure) at the site of nearby atoms, 
(a) (b)
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therefore allowing the Raman-active modes obtained by TiCx with x < 1 after Au irradiation as 
shown in Figure 2.15b [77].  
Overall, the different response to irradiation of TiC and ZrC as compared with SiC could 
be because TiC and ZrC present a mixture of covalent, metallic and ionic bonds, whereas SiC 
is predominantly covalent [15]. Thus, the more ionic character of TiC and ZrC play an essential 
role in the dynamics (mobility and recombination) of defects created during irradiation to 
prevent amorphisation [15, 70, 75-77].  
 
2.3.4 Carbide based composites  
So far, the general properties of SiC, TiC and ZrC have been discussed as well as the 
effects of irradiation on structural and mechanical properties. We found that the primary 
drawback of SiC, TiC, and ZrC is their brittleness. Their fracture toughness is approximately 
3-5 MPa √m. Ceramic composites have been investigated to overcome this behaviour, which 
improves not only mechanical properties but also chemical and physical properties [34, 41, 85, 
86]. SiC/SiCfibre composites have reported toughness of up to 20-30 MPa √m [87]. Hence, 
another ceramic matrix composite (CMC) materials such as TiC/SiC and ZrC/SiC composites 
are attractive in terms of high fracture toughness, yet still have low neutron absorption [9, 70, 
75, 77, 81]. Furthermore, in terms of heat transfer, their thermal conductivities increase 
proportionally to temperature, but SiC and SiC/SiC composites decrease slightly as 
temperatures increase [17, 19, 88]. In this session, we will summarise the literature reviews 
based on SiC/SiC, TiC/SiC and ZrC/SiC composites. 
 
2.3.4.1 SiC/SiC composites  
SiC/SiC composites are promising materials for Gen IV reactors: VHTR, SFR, GFR. 
They are also proposed to use as accidental tolerant fuel (ATF) cladding in Light Water 
Reactors (LWR) due to their slower reaction with steam and better retention of mechanical 
properties during high temperatures, or a loss-of-coolant accident (LOCA) [10, 89].  The 
SiC/SiCfibre composites consist of three major components: fibre (SiC fibre), interphase (PyC 
or BN) and matrix (SiC) as shown in Figure 2.16. According to a U.S. Department of Energy 
report, the third generation of SiC fibre or Hi-Nicalon Type S can withstand 1800 °C with high 
tensile strength (even at 1800 °C), a high Young modulus, and high thermal conductivity [90]. 
SiC matrix preparations include chemical vapour infiltration (CVI), nano-infiltration and 
transient eutectoid (NITE), polymer infiltration and pyrolysis (PIP), and reaction sintering (RS) 
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[90]. Katoh et al. reported the characteristics of SiC matrix as shown in Table 2.6 [71]. NITE-
SiC shows excellent mechanical properties among other methods.  
 
 
Figure 2.16 Microstructure (a-b) and TEM micrograph (c) of SiC/SiC made by NITE process 
(the nano-infiltration and transient eutectic-phase) [89, 91]  
 
Table 2.6 Key properties for SiC/SiC assumed in blanket designs and typical values for CVI 
and NITE composites [71] 
Key properties (unit) 2D CVI 3D CVI NITE 
Thermal conductivity, thru-thickness (W/m K)    
Non-irradiated, 500 °C ~ 15 25-40 15-40 
Non-irradiated, 1000 °C ~10 20-30 30-30 
Irradiated, 500 °C 2-3 5-8 - 
Irradiated, 1000 °C 4-6 12-18 - 
Electrical conductivity, thru-thickness (S/m)    
Non-irradiated, 500–1000 °C 0.1-1000 - - 
Irradiated, 500–1000 °C - - - 
Tensile properties, in-plane    
Ultimate tensile stress, 500–1000 °C (MPa 250-350 100-200 300-400 
Matrix cracking stress, 500–1000 °C (MPa) ~150 - 200-250 
Modulus, 500–1000 °C (GPa) ~250 ~200 300-400 
 
  
(a)
(b)
(c)
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Interphase instability from materials mismatch in PyC/SiC and BN/SiC is a drawback of 
this composite [71].  MAX phase (Ti3AlC2 and Ti3SiC2) is proposed to use as the interphase. 
MAX phases are a carbide/nitride layered ternary compound with the general formula Mn+1AXn 
(M: early transition metal; A group A element; X: carbon/nitrogen; n = 1-3). Interestingly, this 
phase combines unique properties from metals (high electrical conductivity, high thermal 
conductivity, and machinability) and ceramics (high elastic modulus, high-temperature 
strength, and oxidation and corrosion resistance [92].  
 
2.3.4.2 TiC/SiC Composites  
Although SiC has excellent mechanical properties, oxidation resistance, and nuclear 
application, the low fracture toughness of SiC (3 - 4 MPa √m) makes it less reliable in 
applications. The introduction of transition metal carbide in SiC is well known that can improve 
the fracture toughness of SiC ceramics. Several investigations have shown that the dispersion 
of TiC particles results in the improved fracture toughness of SiC ceramics by deflecting the 
cracks around the TiC particles [36, 93]. 
Chen et al. reported an effect of SiC on TiC/SiC composite properties prepared by spark 
plasma sintering (SPS) [17]. The electrical conductivities increased significantly as introduced 
SiC, 2-5 x 105 S m-1 at room temperature, which is higher than TiC and SiC [17].  The thermal 
conductivity of TiC–SiC composite was between that of TiC and SiC which increase 
proportionally to SiC content, but slightly decreases with temperature (18-48 W K-1 m-1 at the 
room temperature) [17]. Cabrero et al. also studied the characteristics of TiC-SiC with various 
SiC contents [19]. With the increasing of SiC volume contents to 50 % vol, fracture toughness 
(KIC) reached to 5.6 MPa.√m attributed to the crack deflection [19].   
SiC particle size also affects the composite properties and microstructures [94, 95]. Kim 
et al. showed that the smaller starting powder sizes of α-SiC led to the finer microstructures 
[95]. Furthermore, An et al. reported that the higher the α-SiC content, the more elongated 
grain shapes, according to β-α phase transformation, which influences the mechanical 
properties as shown in Figure 2.17 [94]. Also, the strength increased proportionally to α-SiC 
contents ( > 10 % vol), whereas the fracture toughness decreases with increasing α-SiC contents 
as shown in Figure 2.17 [94].  
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Figure 2.17  Flexural strength and fracture toughness of  SiC/TiC composites as a function of 
α-SiC contents [94] 
 
2.3.4.3 ZrC/SiC Composites  
There are two major limitations of ZrC; poor sintering due to an extremely high melting 
point, and low oxidation resistance due to the formation of the active porous oxide layer. It was 
proposed that SiC is the most successful additive to improve these drawbacks [22]. Table 2.7 
summarises the mechanical properties of ZrC/SiC composites at room temperature, compared 
to ZrC. The composite Vickers hardness and fracture strength are significantly greater than ZrC 
[22, 96].  
 
Table 2.7 Mechanical properties of ZrC/SiC composites and ZrC-based ceramics in the 
previous literature [22, 96] 
Materials 
Sintering 
method 
Vickers’s 
hardness 
(GPa) 
Fracture 
Strength 
(MPa) 
Fracture 
Toughness 
(MPa √m) 
Young’s 
modulus 
(GPa) 
ZrC-30 vol% SiC  SPS 18.8 ± 1.2 523.4 ± 19.6 4.0 ± 0.3 390 ± 6.9 
ZrC SPS 17.9 ± 0.6 407 ± 38 - 464 ± 22 
ZrC-9 vol% MoSi2 SPS 20.0 ± 0.5 591 ± 48 3.3 ±0.4 467 ± 22 
ZrC-20 vol% SiC HP 9.6 450 3.9 - 
 
ZrC readily oxidises at 800 °C to form zirconium oxide (ZrO2) and residual carbon.  
However, silicon oxide (SiO2) duplex layers enhance the oxidation behaviour of ZrC-SiC 
composites. The oxidation properties of ZrC/30 vol % SiC composite were investigated in air 
using the furnace and oxyacetylene torch in the range of 800-1500 °C [97].  Figure 2.18(a) 
represents the specific mass-change as a function of exposure time at 800 and 1100 °C, which 
indicates that the oxidation process mainly occurred via limited interface reaction due to the 
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oxide layer of ZrO2. At 1300 °C and 1500 °C, the ZrC/30 %vol SiC has higher oxidation 
resistance in air than ZrC as shown in Figure 2.18(a) [97]. The oxidation rate of SiC is 
negligible at a temperature below 1100 °C in the air. Thus, the active SiO2 layer can seal pores 
and cracks resulting in an increased density and reduced oxygen diffusion [97].  
 
 
Figure 2.18 Specific mass-change (∆m) as a function of exposure time (t) for (a) ZrC–
30%SiC during oxidation at 800 and 1100 °C, (b) at 1300 and 1800 °C  and (c) optical 
micrograph of ZrC and ZrC/30% vol SiC oxidized at 1300 and 1500 °C  for 15 min [97] 
Furthermore, the oxidation of ZrC/β-SiC composites with various β-SiC contents in 
ambient air has been reported [98]. The oxidation behaviours of the composite were influenced 
by the formation of ZrO2 and SiO2 and temperature ranges. ZrC/ 30 wt% SiC and 10% wt SiC 
showed good oxidation resistance up to 1700 °C, which is much more stable than ZrC [98].  
 
2.4 Sintering of ceramics  
Sintering is a process of joining particles together with heat. The processes can occur 
with or without a liquid phase. The presence of liquid phase is called the liquid phase sintering, 
and solid state sintering for an absence of liquid phase [99, 100]. The densification can be 
achieved by the application of external pressure during heating, giving the method of pressure 
sintering in which hot pressing, hot isotactic pressing, and spark plasma sintering are typical 
examples [99, 100]. 
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2.4.1  Solid-state sintering  
The reduction in the surface free energy of the sintering compact is the driving force for 
sintering. This can happen by (1) an increase in the average size of particle leading to 
coarsening, and/or (2) the elimination of solid/vapour interfaces by the creation of grain 
boundary area, followed by grain growth, which leads to densification. These two mechanisms 
are usually in competition [99, 100].  
 
Figure 2.19 Schematic of two possible paths by which a collection of the particle can lower 
its energy. (a) Densification followed by grain growth. In this case, shrinkage of the compact 
has to occur. (b) Coarsening where the large grains grow at the expense of the smaller ones 
[99]. 
Grain growth (Figure 2.19a) is the process where the increase in the average grain size 
of polycrystalline material and coarsening (Figure 2.19b) is the process where the increase in 
the average grain size is accompanied by an increase in the average pore size [99, 100]. 
Coarsening also increases the diffusion distance for matter transport, thereby reducing the rate 
of sintering. The coarsening mechanisms therefor need to be suppressed to achieve a high 
density. Additionally, the microstructure is stabilized such that the pores and the grain 
boundaries remain attached, which depends primarily on the ability to reduce the intrinsic 
(pore-free) mobility of the grain boundaries [48, 83, 99, 101]. 
The grain boundaries play an important role in the sintering process. The grain boundary 
is a region with a complex structure, about 1-2 unit cells wide, between two crystalline 
domains. In the sintering of polycrystalline materials, part of the energy decrease due to the 
elimination of internal surface area associated with the pore goes into creating new grain 
boundary area. The grain boundary moves by diffusion of atoms (ions) from one side of the 
boundary to the other so that atoms previously aligned with one grain becomes aligned with 
the others, causing it to grow at the expense of its neighbour [48, 83, 99, 101]. Growth occurs 
(a) (b)
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in such a way that the convex grain loses atoms while the concave grains gains atoms with the 
result that the boundary moves toward its centre of curvature.  
The presence of the grain boundaries also dictates the equilibrium shape of the pores at 
the intersection with the boundaries. At equilibrium, the chemical potential of the atoms in the 
pore surface must be the same everywhere, which is equivalent to saying that the curvature of 
the pore surface is the same everywhere [48, 83, 99, 101]. There must also be a balance of 
forces at the junction between the grain boundary and the pore surface to ignoring possible 
torque as shown in Equation 2.1.  For exist densification, the grain boundary energy (γgb) need 
to be less than twice the solid/vapour energy (γsv). This implies that the equilibrium dihedral 
angle (Ψ) define as has to be less than 180°.  
 
cos (
𝜓
2
 ) =  
𝛾𝑔𝑏
2𝛾𝑠𝑣
                               Equation 2.1[99] 
  
 
Figure 2.20 Pore shape and pore stability are determined by the dihedral angle and the pore 
coordination number: (a) The pore with the concave surfaces will shrink while (b) the pore 
with the convex surfaces will grow (or become metastable) [99] 
The local driving force during the sintering process itself is curvature differences. Matter 
transport during sintering is driven by potential chemical gradients arising from differences in 
the curvature of the free surfaces in the compact of particles [48, 83, 99, 101]. When compared 
to atoms under a flat surface at the same temperature and composition, the atoms under a 
convex surface have a higher chemical potential while the atoms under a concave surface have 
a lower chemical potential. This gradient in the chemical potential produces a driving force for 
matter transport from the convex particle surfaces and from the grain boundaries between the 
particles to the concave necks between the particles [48, 83, 99, 101].  
Atomic transport from the grain boundaries to fill up the pores and is dependent on the 
effective stress on the grain boundaries. The relationship between the externally applied stress 
(a) (b)
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(σa) and the effective stress on the grain boundary (σe) has been commonly achieved by using 
the stress intensification factor (ϕ) that depends on the geometry of the porous compact: 
𝜎𝑒 =  𝜎𝑎𝜙                                      Equation 2.2 [83] 
The stress intensification factor is also equal to the ratio of the total cross-sectional area (of the 
solid phase plus the pores), At, to the effective cross-sectional area (of the solid-phase only), 
Ae.  For polycrystalline materials, ϕ is equal to the cross-sectional area of the grain, Ag, divided 
by the grain boundary area, Agb: 
𝜙 =  
𝐴𝑡
𝐴𝑒
=  
𝐴𝑔
𝐴𝑔𝑏
=  
1 
𝜌
                              Equation 2.3 [83]  
In sum, the curvature causes local variations in partial pressures and vacancy 
concentrations.  The difference of partial pressure (P) between a convex surface and concave 
surface ( Pconvex > Pconcave > Pflat), therefore the atoms migrate from the convex to the concave. 
 
2.4.1.1 Factor affecting solid state sintering  
The critical factors that control sintering are summarised below [48, 83, 99, 101]; 
 Temperature: it is clear that increasing temperature will significantly enhance the 
sintering kinetics because of diffusivity is activated.   
 Green body density: the higher the green density, less pore volume has to be eliminated.  
 Atmosphere: it can enhance the diffusivity of a rate-controlling species, e.g., by 
influencing defect structure. The sintering atmosphere gas is vital to consider. Also, the 
solubility of the gas in the solid effect on the gas pressure in the pores.  
 Impurities or sintering aids: their effects can be summarized as follows: 
o Form a liquid phase as introduction of small amount sintering aids which can 
from low-temperature eutectics and therefore enhanced sintering kinetics.  
o Suppress coarsening by reducing the evaporation rate and lowering surface 
diffusion, e.g. boron in SiC 
o Suppress grain growth and lower grain boundary mobility   
o Enhance the diffusion rate. Once the rate-limiting ion during sintering is 
identified, the addition of the proper dopant that will go into solution and create 
vacancies on that sub-lattice, in principle, enhance the densification kinetics.  
o Narrow grain size distributions and decrease the abnormal grain growth 
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 Particle size: since the driving force for densification is the reduction in surface area, 
the larger the initial surface area, the higher the driving force. however powder 
agglomeration according to dominant electrostatic on particle need to be concerned 
 
2.4.2 The liquid-phase sintering  
Liquid-phase sintering offers significant advantages over solid-state sintering.  It is much 
more rapid and results in uniform densification. In many cases, the presence of liquid phase at 
grain boundaries probably plays a significant role for examples of these are silicon ceramics, 
such as SiC and Si3N4, where the native silicon oxide film the starting powders is only known 
approximately, while the silica participates in forming the liquid phase together with the 
intentionally introduced additives. It can enhance grain boundary transport rates significantly, 
accelerating densification even below any eutectic temperatures in the additive/host system 
[48, 83, 99, 101].  
During liquid-phase sintering, the compositions of the starting solids are formed a liquid 
phase upon heating. A wetting liquid will penetrate between grains and exert an attractive force, 
pulling them together [48, 83, 99, 101]. A sequence of dominant stages is shown below Figure 
2.21 ; 
 Melting: melting of the liquid-forming additive and redistribution of the liquid 
 Particle rearrangement: particle rearrangement of the solid majority phases driven by 
capillary stress gradients.  
 Solution precipitation: densification and shape accommodation of the solid phase 
involving solution-precipitation. The chemical potential gradient induces the 
dissolution of atoms at the contact points and their precipitation away from the area 
between the two particles, which naturally leads to shrinkage and densification. 
Furthermore, the kinetics of densification will be much faster than in the case of solid-
state sintering, because diffusion is now occurring in the liquid where the diffusivities 
are orders of magnitude higher than those in the solid state.  
 Skeleton sintering: final densification driven by residual porosity in the liquid phase: 
once a rigid skeleton is formed, liquid-phase sintering stops and solid-state sintering 
takes over, and the overall shrinkage or densification rates are significantly reduced  
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Figure 2.21 Time dependence of shrinkage evolution of liquid phase sintering [83] 
 
The rapid densification can only happen when the liquid phase sintering meet the 
condition: (1) appreciable solid/liquid solubility in order for material transfer away from the 
contact areas to occur, (2) the finer the solid phase, the higher the capillary pressures that can 
develop and the faster the densification rate, (3) wetting of the solid phase by liquid is needed, 
and (4) sufficient amount of liquid to wet the solid phase must be present [83]. 
If sufficient liquid is present, initial rearrangement leads to fully dense materials. The 
relative amount of liquid and solid at this condition depends on the rearranged density of the 
solids. In the event that the solids could rearrange to approach a dense random packing, then 
approach a dense random packing, then approximately 35 vol% of liquid would fill all the voids 
space without further solid skeleton densification [48, 83, 99, 101]. Such large volume fractions 
of liquid are often used in porcelains and in cemented carbides. In the case of clay ware and 
porcelains, the liquid phase is molten silicates that remain as glass after cooling. This gives the 
ceramic ware glassy appearance, and such ceramics are referred to as vitrified. Investigations 
remains a subject of study. One reason is that equilibrium is difficult to determine.  
 
2.4.3 Pressure-Assisted Sintering technique  
2.4.3.1 Hot pressing  
Hot pressing is a convenient laboratory method for preparing dense samples. Due to the 
driving force for densification is the chemical potential gradient between the atoms in the neck 
region and that at the pore. Chemical potential and vacancy concentration effect from applied 
pressure. The concentration of vacancies in an area subjected to a stress Cstress is shown in 
𝐶𝑠𝑡𝑟𝑒𝑠𝑠 = (1 +   
𝑉𝑚𝜎𝑏
𝑅𝑇
 ) 𝐶0                                     Equation 2.4  
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𝐶𝑠𝑡𝑟𝑒𝑠𝑠 = (1 +   
𝑉𝑚𝜎𝑏
𝑅𝑇
 ) 𝐶0                                     Equation 2.4 [99] 
where σb is the effective stress at the boundary due to the applied stress, C0  is the equilibrium 
concentration of vacancies, and Vm is the molar volume [99]. For compressive applied stress, 
σb is negative, and the concentration of vacancies at the boundary (i.e., between the particles) 
is less than that at the edges, which results in a net flux of vacancy from the neck into the 
boundary area and leads to densification [99].  
 
           
Figure 2.22 Schematic of the hot pressing process [99] 
The schematic of the hot pressing process is shown in Figure 2.22 Schematic of the hot 
pressing process Sample is generally contained in a graphite die at applied pressures. In some 
cases, boron nitride coating say can be used to reduce reaction of the graphite with the sample 
at the process temperature below 1350 °C. An example of temperature/pressure profile is 
shown in Figure 2.23 which an applied pressure is usually maintained during the cool-down 
period as well. The covalently bonded materials such as B4C, SiC, and Si3N4 can be densified 
by the hot pressing [102]. For example, at 1650 °C under 50 MPa with metal additives (Al, B 
and C), SiC obtained approximately 95% relative density [102]. 
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Figure 2.23 Schematic temperature/pressure schedule for hot pressing with high strength 
   
2.4.3.2 Hot Isotactic Pressing (HIP) 
Hot-isostatic pressing (HIP) uses isostatic pressuring and heat to solidify the sample. 
There are two alternative methods for HIPing; encapsulated and not encapsulated.  For the 
encapsulated method, the power sample is sealed in deformable metal containers under vacuum 
prior to HIP [48, 83, 99, 101]. For the not encapsulated method, another shaping method (dry 
pressing or injection moulding) is used to compact the powder sample before HIPing.   
Schematic of the HIP is shown in Figure 2.24. A compressor introduces inert gas 
pressure, and the sample is heated to the sintering temperature, which may be up to 2000 °C 
and as much as 200 MPa. During HIPing, the isostatic pressure from the collapsed container 
transmits to the sample. Heating elements are typically graphite, molybdenum, tungsten, or 
tantalum. HIPing is also used to recondition parts in which internal damage, such as resulting 
from fatigue or creep, may have accumulated during service. Also, commercial hot isostatic 
presses may have internal chamber diameters approaching 1 metre. Moreover, nano-structured 
monolithic SiC ceramics with a grain size of approximately 100 nm could be prepared by HIP 
at 1850 °C, using B4C,AlN and Al2O3 as sintering aids [102].  
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Figure 2.24 Schematic of hot isostatic pressing equipment [101] 
   
2.4.3.3 Spark plasma sintering (SPS)  
SPS is similar to a conventional hot pressing apparatus with different heating source as 
shown in Figure 2.25.  Heating rate can reach to 600 °C/min by passing an ON-OFF DC current 
pulse through a powder compact contained in a graphite die, under an applied pressure of 30-
50 MPa. The temperature is usually measured by optical pyrometer on the graphite die wall 
because specimen temperatures are difficult to evaluate.  A design of sintering die and punch 
assembly made of graphite is extremely important subject to joule heating according to the 
sintering progress, interaction of powder material, system resistivity, and the function as direct 
heating elements in order to assume the role of maintaining the homogeneity of sintering 
temperature [99, 101-103]. 
Extraordinary high densification rates achieve faster and easier than in conventional 
sintering processes [99, 101-103]. Material transfers are promoted by spark discharges 
generated in the voids between the particles as shown in Figure 2.27. When a spark discharge 
appears in a gap or at the contact point between the particles of materials at an early stage of 
sintering, a local high-temperature state (discharge column) of several to ten thousands of 
degree centigrade is generated momentarily [99, 101-103]. This causes evaporation and 
melting on the surface of powder particles in the SPS process, and “neck” are formed around 
the area of the contact point between particles, Figure 2.27. The main factors promoting 
sintering in these processes are the Joule heat generated by the power supply or high-frequency 
induction heating elements and the plastic flow of materials caused by the hydraulically or 
mechanically driving pressure [99, 101-103]. The various phenomena according to ON-OFF 
DC pulse is summarised in Figure 2.27.  
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The SPS gains a few advantages over conventional sintering methods such as example 
minimizing grain growth, enhancement of electro-migration and strong preferential orientation 
effect. However, the limitation of specimen shape is a drawback of SPS in that only simple 
slabs can be contained in the compression die [99, 101-103]. 
 
Figure 2.25 (a) Schematic of plasma sintering and (b) a spark plasma sintering apparatus 
[103] 
 
 
Figure 2.26 Effect of ON-OFF DC pulse energizing [103] 
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Figure 2.27 Basic mechanism of neck formation by spark plasma sintering [103] 
 
2.5 Fracture toughness  
Fracture toughness (KIC) is a mechanical property term that indicates material resistance 
to fracture as the presence of cracks or other stress-concentrating defects. For crack-free 
samples, the loading (F/n) will share in each chain of atoms (where F is loading, and n is a 
number of chain) [104-106], Figure 2.28a. For cracked samples, loading is now carried by a 
few bonds at the crack tip which leads to a stress redistribution Figure 2.28b. As the presence 
of flaw will locally amplify the applied stress at crack tip (σtip) [104-106]. Catastrophic failure 
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occur when σtip ≈ σmax  (Figure 2.28c) which is the reason why brittle fracture occurs rapidly 
and without warning, with cracks propagation at velocities approaching at velocities 
approaching the speed of sound [104-106].  
 
 
Figure 2.28 (a) Depiction of a uniform. (b) Stress redistribution as a result of the presence of 
a crack. (c) The relationship between given applied loads versus interatomic distance [99].  
As applied stress, for uniform solid, the work done is converted to elastic energy that is 
stored in the stretched bonds. It can be defined by the area under the stress-strain curve. The 
total energy change of the system upon introduction of the crack is simply shown in Equation 
2.5, where γ is the intrinsic surface energy of the material, t is the thickness of the plate.  
        Equation 2.5 [99] 
 
Failure is caused by the spontaneous extension of cracks, which can be described by the 
Griffith/Irwin criterion (Equation 2.6). The general idea of fracture is to balance the energy 
consumed in forming new surface as a crack propagates against the elastic energy released. 
Fracture of material in tension occurs when stress intensity factor (KI) more than critical stress 
intensity factor (KIC),  
𝐾𝐼𝐶 =  𝑌𝜎√𝜋𝑎                                             Equation 2.6 [48] 
 
 
Where σ is the stress in the uncracked body, ɑ is a crack length, and Y is a geometric 
factor, which describes the geometry of crack as shown in  
(a) (b) (c)
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Figure 2.29. The critical condition for fracture, then, occurs when the rate at which energy 
is released is higher than the rate at which it is consumed. 
 
Figure 2.29 Schematic representation of (a) an interior crack and (b) and edge crack [48] 
 
2.5.1 Toughening  
The ideas behind the toughening process is to enhance the energy needed to extend crack 
propagation. The toughening mechanisms for ceramics are summarised below [104-106]; 
 Crack deflection: The process of crack deflection is that cracks tilt or twist away 
from planar geometry shown in Figure 2.30. In polycrystalline materials, cracks tend 
to be deflected along weak rain boundary. For homogeneous materials, cracks tend to 
crack in planar: however; the non-uniform materials, the crack tends to propagate 
along weak interfaces as a deflection. For composite materials, according to the 
residual stress from thermal expansion mismatch between matrix and reinforcement, 
the crack is deflected, and the strain energy release rate is greater in the direction of 
deflection.  
 Crack bridging: The crack surface behind the crack tip is shielded by ligaments such 
as whiskers, continuous fibre or elongated grains as shown in Figure 2.30b. The 
bridging reduces the crack-tip stress intensity by support partially the applied load. 
The increased fracture toughness is influence by increasing in fibre reinforcing phase, 
the difference between Young’s modulus of matrix and reinforcement, and the ratio 
of the fracture energy of matrix and reinforcement 
 Transformation toughening: Transformation-toughened materials owe their 
considerable toughness to the stress-induced transformation of a metastable phase in 
the vicinity of propagating crack. Since the original discovery that the tetragonal-to-
monoclinic transformation of zirconia 
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 R Curve behaviour: R curve behaviour refers to a fracture toughness which increase 
as the crack grows as shown in Figure x. The primary mechanisms responsible for this 
type of behaviour are the same as that operative during crack bridging or 
transformation toughening.  
 
 
Figure 2.30 Schematic of (a) crack deflection [99] 
 
According to literature reviews, SiC, TiC and ZrC are promising candidates for nuclear 
generation IV both in-core and out-core structure material according to their mechanical and 
neutronic properties. In order to improve the fracture toughness of these carbides, an 
introduction of other carbides to form carbide composites could increase the energy required 
for crack propagation. Additionally, spark plasma sintering (SPS) is reported that is the 
excellent pressure-assisted sintering technique for dense ceramic composites. Therefore, in this 
project, TiC/SiC and ZrC/SiC will be prepared by SPS.   
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3. Experimental procedure and background 
3.1 Characterisation techniques and their background  
3.1.1 X-ray diffraction (XRD) technique and phase refinement  
This technique is used to determine crystal structures, orientations and crystallinities of 
powdered or polycrystalline specimens. The diffraction patterns are also a ‘fingerprint’ of 
materials and therefore can be used for phase identification by comparison with standard XRD 
diffraction patterns [107, 108].  
 
 
Figure 3.1 X-ray diffractometry working scheme  [107, 108] 
 
Figure 3.1 illustrates the simple schematic of X-ray diffractometry, consisting of X-Ray 
sources, detectors and specimens.  When the X-ray beam hits the specimen, the detectors move 
and record the diffracted beam intensities as a function of 2ϴ. The sharp intensities appear 
when Bragg’s law condition is satisfied as shown in Equation 3.1, where n stands for an integer, 
λ stands for wavelength and d is inter-planar spacing [107, 108]. Each peak corresponds to a 
plane of atoms in a crystal structure. Peak intensities relate to phase concentrations, and peak 
widths are influenced by crystallite size/strain effects [107, 108].  
                                                 2𝑑𝑆𝑖𝑛𝜃 = 𝑛𝜆                                              Equation 3.1 
The Rietveld method is a full profile fitting used to refine phase contents [109]. Varying 
parameters such as crystal parameter, thermal parameters, scale factors, phase fraction and 
specimen displacement backgrounds in control manner have been used to minimise the 
differences between the calculated diffraction and  experimental data [109]; GSAS and Topas 
software were used in this project. 
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3.1.2 Scanning electron microscope (SEM) and chemical analysis 
SEM is used to investigate the surface morphology, topology and chemical composition 
of materials. In principle, an electron beam from an electron gun is bombarded onto a specimen. 
The signals that return from the specimen are collected, which contain the different types of 
electron interaction: secondary electrons (SE), backscattered electrons (BSE), characteristic X-
rays, Auger electrons and cathode luminescence (CL) as shown in Figure 3.2.  
 
 
Figure 3.2 The different types of signals produced when high-energy electrons impinge on a 
specimen [110] 
In this project, SE, BSE and characteristic X-ray were the main techniques to characterise 
the samples. SE are specimen electrons ejected by the primary electron. The contrast in SE is 
primarily due to topography. In order to reveal more detailed structure information, SE-SEM 
images were taken at low incident electron voltage. BSE are primary electrons scattered by the 
atoms in the specimen which escape from the specimen surface, whose intensity is proportional 
to the atomic number of the target elements [110]. In fact, the interaction volume of BSE is 
much larger than of SE, so the BSE signal can be ~ 10 µm, but SE is about 10 nm depending 
on the incident beam energy. Energy Dispersive X-Ray Analysis (EDX) is a technique used 
for elemental analysis depending explicitly on the energy differences of two involved electron 
shells. 
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3.1.3 Transmission electron microscopy (TEM)  
TEM is well known as a powerful tool providing a broad range of characterisation 
techniques with high spatial and analytical resolution [111-113]. TEM images are generated 
from electrons which have been transmitted through the specimen. Hence, TEM specimens 
need to be thin enough to let electrons pass through [111-114]. Electrons coming through a thin 
specimen are separated into undeviated ‘direct beam’ electrons or scattered by a variety of 
processes within the specimen resulting in non-uniform intensity as shown in Figure 3.3. 
Therefore, information we get from TEM can be attributed to some form of electron scattering 
[113].   
 
 
Figure 3.3 Signals produced by electron bombardment of a thin specimen.[113] 
The contrasts or ‘grey scale differences’ in TEM micrographs are utilised to characterise 
the materials morphologies. Also, TEM image contrast arises because of the scattering of the 
incident beam by the specimen. There are three main contrast mechanisms [113]. Firstly, a 
mass-thickness contrast: thick areas scatter electrons more than thin areas, so they appear as 
darker contrasts. Secondly, a diffraction contrast explained by Kinematical theory can be used 
to review crystal defects such as dislocations, stacking faults and precipitates [111-113]; in 
addition, while taking images the objective aperture is then used to stop diffracted beams, and 
only undiffracted electrons attribute to the images [111-113]. Finally, the phase contrast results 
whenever electrons of different phases are allowed to pass through the objective aperture [111-
113]. Also, for crystalline specimens, diffraction patterns (DPs) give direct crystallographic 
information about small areas of the specimen which relate to the TEM images [111-113].  
In this project, a combination of TEM image and DFs were used to characterise TiC/SiC 
composites: grain morphologies, β-α phase transformations, and crystallographic information. 
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3.1.4 Flash method  
The thermal diffusivity (α) was measured by the flash method. After the sample has been 
stabilised at the desired temperature T0, a nearly instantaneous pulse of energy (usually a laser 
or another discharge source) is deposited on its front face, and the temperature increases on the 
rear face of the sample are recorded as a function of time as shown in Figure 3.4. The thermal 
diffusivity is then determined from this thermogram related to the thermal conductivity (𝜆), 
specific heat (Cp) and density (𝜌) as follows [115]: 
 𝛼 =  
𝜆
𝜌𝐶𝑝
                                      Equation 3.2  
   
Figure 3.4 Schematic of the flash method [115] 
 
3.1.5 Hardness measurement  
Hardness is a measure of resistance to localised plastic deformation. Difference 
geometries of indenters are utilised to form a permanent surface impression, each of which 
gives a different number [48, 100, 108]. Thus, care should be exercised when comparing values 
determined by different techniques. Vickers indentation was used in this research because it 
well suits the hardness of small selected areas on the specimen. The Vickers indenter has a 
diamond square pyramid shape as shown in Figure 3.5. 
 
Figure 3.5 Geometry of Vickers indentation 
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𝐻𝑉 =
1.4 85 𝑃
𝑑2
                           Equation 3.3 
The depth of the resulting indentation is measured and related to a hardness number.  The 
broader and deeper resultant indents represent softer and lower materials. Hardness can be 
calculated by Equation 3.3 where P is loading (kg), and d is the length of the resultant indent 
(mm) [48, 100, 108].  
 
3.1.6 Three-point bending test  
It is difficult to perform a tensile test on brittle ceramics due to obstacles in specimen 
preparation and setup [48, 104, 116, 117]. Moreover, the failure of ceramics after only 0.1% 
strain necessitates that tensile specimens be perfectly aligned to avoid the presence of bending 
stresses, which are not easily calculated. Thus, the bending test is more appropriate for brittle 
materials whose stress-strain curves exhibit linear elastic behaviour before failure. In addition, 
either simple rectangular or cylindrical geometry is suitable. Figure 3.6 illustrates the geometry 
for three-point bending [118, 119].  
 
Figure 3.6 A three-point loading scheme for measuring the stress-strain behaviour and 
flexural strength of brittle ceramics 
Flexural strength, modulus of rupture, fracture strength or bend strength is the stress at 
fracture. For a rectangular specimen, the flexural strength (𝜎𝑓𝑠) and the flexural strain (𝑒𝑓) are 
given by Equation 3.4 and 3.5 respectively, where 𝐹𝑓  is the load at fracture, L is the distance 
between support points, d is beam thickness, b is beam width, and D is the maximum deflection 
of the centre beam [118, 119].  
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𝜎𝑓𝑠 =  
3𝐹𝑓𝐿
2𝑏𝑑2
                                               Equation 3.4 
 𝑒𝑓 =  
3𝐷𝑑
𝐿2
                                   Equation 3.5 
However, the drawback of the bend test is the variation in size differences and stress 
distribution. Therefore, the strength of the ceramic will be overestimated if massive flaws are 
located in the interior of the specimen. 
 
3.1.7 Fracture toughness measurement  
Toughness is a measure of energy absorption for plastic deformation [48]. Fracture 
toughness in tension is the KIC (critical stress intensity factor) [48, 118, 119]. Material failure 
happens when KI (stress intensity factor) ≥ KIC. Mainly, an indentation and a bend test are used 
to measure KIC for ceramics. 
 
3.1.7.1 Fracture toughness from the indentation 
 Fracture toughness (KIC) can be obtained from the Vickers indentation fracture (VIF). 
Cracks are created on four corners after Vickers indent on a flat ceramic surface. The crack 
lengths (l) are inversely proportional to the toughness of materials [120, 121]. Several equations 
were proposed to calculate the fracture toughness which depends on the types of cracks formed 
underneath indent surfaces [122, 123]. Median cracks (Figure 3.7a) are formed at high loading, 
and palmqvist cracks are predominantly formed at low loading (< 10 kg) (Figure 3.7b). Their 
KIC can be calculated by Equation 3.6 [124] and Equation 3.7 [125], respectively.   
The high-quality surfaces need to be prepared and finished by 1 µm diamond suspension. 
The grinding and polishing methods are shown in Table 3.1. 
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Figure 3.7 (a) median and (b) Palmquist crack system developed from the Vickers indents 
[122] 
 
         𝐾𝐼𝐶 = 0.016 (
𝐸
𝐻𝑉
)
1
2.
𝐹
𝑐3/2
         (Astis et al.)                 Equation 3.6 [124] 
      𝐾𝐼𝐶 = 0.0089 (
𝐸
𝐻𝑉
)
2
5.
𝐹
𝑎.𝐼1/2
      (Niihara et al.)             Equation 3.7 [125] 
 
3.1.7.2 Fracture toughness from a bend test 
The fracture toughness of a specimen can also be determined using a three-point flexural 
test with a pre-cracked specimen. The pre-cracks can be a straight-through crack formed via 
bridge flexure (pb), a semi-elliptical surface crack formed via Knoop indentation (sc), or a 
chevron notch (vb) as shown in Figure 3.8[118, 119].  
 
Figure 3.8 Scheme illustrating pre-crack types [119] 
In this research, the pre-cracked beam method (pb) was used because the setup is not too 
difficult and the cracks are large enough to measure [118, 119]. However, the test specimens 
need to be handled with extensive care prior to a bend test. The indentation method led to 
consistently higher fracture toughness values compared to the results obtained by the bend test, 
due probably to underestimation of the real crack length in the indentation method [122]. 
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Several pre-cracks were introduced on a bar-shaped specimen (similar size to the samples 
for three-point bending test) by 10 kg Vickers indentation as shown in Figure 3.9. Each bar 
with pre-cracks was then placed in the three-point bend fixture and loaded up to fracture 
initiation. A constant crosshead speed of 0.24 mm/min was employed for loading. The tests 
were carried out at room temperature in the standard atmosphere. Graphs of load vs 
displacement were recorded, and the maximum force was determined from each trace. The 
fracture toughness value, KIC, was calculated from Equation 3.8, where 𝐾𝐼𝑝𝑏  is fracture 
toughness (𝑀𝑃𝑎√𝑚), g is function of the ratio 
𝑎
𝑊
  for there-pointing, 𝑃𝑚𝑎𝑥 is maximum force a 
(N), 𝑆0 is outer span (m), a is a pre-crack size (mm),  𝑊 is the thickness of bar sample, 𝐵 is the 
width of bar sample [118].  
 
        
Figure 3.9 Scheme of (a) pre-cracks on a bar sample and (b) three-point bending set up 
 
 
𝐾𝐼𝑝𝑏 = 𝑔 [
𝑃𝑚𝑎𝑥𝑆010
−6
𝐵𝑊3/2
] [
3[𝑎/𝑊]1/2
2[1−𝑎/𝑊]3/2
]                     Equation 3.8 [119] 
 
𝑔 = 𝑔 (
𝑎
𝑊
) =  
1.99 − [𝑎/𝑊][1 − 𝑎/𝑊][2.15 − 3.93[𝑎/𝑊] + 2.7[𝑎/𝑊]2]
1 + 2[𝑎/𝑊]
 
𝑆0
𝑊
= 4  
0.35 ≤  
𝑎
𝑊
 ≤ 0.60  
 
3.1.8 Gain size analysis  
The mean grain sizes can be defined in several ways as shown in Figure 3.10. Since the 
cross-section cuts through grains randomly, some observed grains are smaller than actual grains 
[126]. Few hundred grains need to be measured to create a grain size distribution histogram. In 
this project, SE and BSE SEM images were analysed by the combination of manually and 
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automatic modes to obtain ferret diameters (>100 grains) by ImageJ programme. The images 
were adjusted binarization by chosen suitable thresholds [126]. Consequently, the grayscales 
were significantly different between pores and matrix or between grains and boundaries. 
However, noise in the image will effect on the grain size measurement in that they shift a grain 
size distribution histogram to the low mean the median than an actual value. The ferret diameter 
measured by ImageJ will be used to plot a grain size distribution curve. 
 
 
Figure 3.10 Some stereological definitions of grain diameter [126] 
 
3.2 Preparation of titanium carbide/ silicon carbide composites (TiC-SiC) 
Commercial silicon carbide, SiC, (cubic structure, 99.8 % purity, 1 µm Alfa Aesar) and 
titanium carbide, TiC, (99.5 % purity, 2 µm Alfa Aesar) powders were mixed into different 
mole ratios of TiC (100%, 70 %, 50 % and 0 % respectively). The mixed powder was then 
milled by a roller mill machine (Excal variable speed motor drive at a speed of 6) in isopropanol 
using 1.0 mm diameter zirconia balls at room temperature for 24 hours. The powder was then 
collected and dried at 90 °C. After that, the 7.5g of received powder was sieved through a 200 
mesh sieve. Next, it was poured into cylindrical graphite die (diameter 20 mm) and cold-
pressed at 1.5 psi for 15 minutes. To avoid welding and in order to obtain a more uniform 
current flow, thin graphite foils were placed between the powders and the graphite dies. The 
pressed powder was then sintered by spark plasma sintering (SPS, FCT Systeme GmBH spark 
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plasma sintering system, type HP D 1050, Germany) under argon gas. The maximal uniaxial 
load is 50 MPa at 2100 °C for 15 minutes.  
 
3.3 Preparation of zirconium carbide/ silicon carbide composites (ZrC-SiC)  
Coarse zirconium carbide, ZrC (99.5 % purity, 44 µm Alfa Aesar) was used as a starting 
material. It was milled by the same roller mill machine (Excal variable speed motor drive at a 
speed of 6) using zirconia media (1.0 mm in diameter) in isopropanol for 24 hours before 
mixing with fine β-SiC (99.8 % purity, 1 µm Alfa Aesar).  It was then dried at 90 °C and sieved 
through a 200 mesh sieve. Next, the milled ZrC powders were mixed with β-SiC powders. The 
mixed powders were milled, dried and seived as previously. The 7.5g of received powder was 
poured into cylindrical graphite die with a diameter of 20 mm and again cold-pressed at 1.5 psi 
for 15 minutes. Thin graphite foils were, as before, placed between the powders and the 
graphite dies. Again, the pre-pressed powder was sintered by spark plasma sintering (SPS, FCT 
Systeme GmBH spark plasma sintering system, type HP D 1050, Germany) under argon gas. 
The maximal uniaxial load is 50 MPa at 2100 °C for 15 minutes.  
 
3.3.1 ZrC particle size  
The particle size of the milled ZrC powder was measured by Laser diffraction technique 
(wet method, Mastersizer 3000 laser particle size analyser, Malvern Instruments). 90 % of the 
ZrC powder was milled down to about 5 µm as shown in Figure 3.11.  
 
 
Figure 3.11 Particle size distribution of ZrC powder 
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3.4 Sample characterisation 
X-ray diffraction (Bruker D2 phaser) was utilised to observe the phase structures of the 
samples, using weighted Cu Kα radiation (λ = 1.5416 A°), scanning from 10 – 80° operation 
at 30 kV, 20 mA. The samples were ground and polished before investigating their surface 
morphologies by an optical microscope and scanning electron microscopy (SEM, Hitachi 
TM300 and Inspect F FEG-SEM). In addition, chemical analysis was evaluated using SEM-
EDX. Transmission electron microscopy (TEM, Philips EM 400 and FEI Tecnai Spirit) was 
used to study their grains and interfaces. The TEM samples were thinned by diamond laps and 
finished by ion milling. The bulk density of the sintered samples was determined by the 
Archimedes method in distilled water using a balance with an accuracy of ±0.0001g (MS104S, 
Mettler, Toleda and Switzerland). Thermal conductivity was identified by a flash method 
(Flashline 3000, TA instruments) with the square shape specimens (1 x 1 x 0.2 cm). 
Hardness tests were conducted using a Vickers indenter with a 1 to 10 kg load for 10 
seconds (Durascan 70). Three-point bending tests were measured at room temperature with the 
head loading rate of 0.24 mm/min (Hounsfield test equipment LTD). The samples were cut 
into a bar shape (5 x 2 x 20 mm), and both surfaces were ground until flat.  
The fracture toughness (KIC) was measured by two methods: an indentation method, and 
by bend testing. For the indentation method, Vickers indenter was loaded at 5kg on a polished 
sample. The KIC was calculated from the resultant cracks by Equation 3.6. For the bend test, a 
bar-shaped sample was put under a series of pre-cracks by 10 kg of Vickers indenters before 
being processed by the three-point bend testing. Then the KIC was calculated by Equation 3.8. 
 
3.5 SEM specimen preparation  
The SPSed samples had their residual graphite papers ground out from their surfaces by 
diamond grinding pads, using an automatic machine (AutoMet™ 250). Then, their surfaces 
were polished as per the sequence as shown in Table 3.1 to review the actual microstructure.  
This surface preparation method was also applied to the samples for the Vickers hardness test, 
the indentation test and the three-point bending test.  
 
3.6 TEM specimen preparation   
TEM sample preparation was adapted from the tripod polishing method [113]. The 
SPSed samples were cut into 250 µm thin slices by a slow speed diamond saw (Buehler Isomet 
low speed saw). They were then attached to glass slides using G2 epoxy glue (Agar Scientific). 
The TEM specimens were mechanically thinned using diamond lapping films (UltraPrep 
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lapping film) in a sequence of 15, 9, 5, 3 and 1 µm until a thin foil with a thickness of 
approximately 40-80 µm was obtained. The specimen was further polished with Ar ion milling 
(PIPS II, GATAN) at 6 keV at an incident angle of 5° until getting a hole. Finally, the surfaces 
were finished with 0.5 keV.  
 
Table 3.1 Grinding and polishing sequences for SEM specimens 
Surface  Abrasive size  
Load on 
specimen (N) 
Base speed (rpm)/ 
direction 
Time 
(mins) 
Diamond grinding disk  P600 20 241 rpm/ comp. 
Until flat 
surface 
Diamond grinding disk P1200 20 241 rpm/ comp. 
Until flat 
surface 
Diamond grinding disk 3 µm 10 241 rpm/ comp 20 mins 
TexMet  
 
3 µm MetaDi 
Supreme diamond 
suspension  
10 141 rpm/ contra 20 mins  
MicroCloth 
1 µm MetaDi 
Supreme diamond 
suspension 
10 141 rpm/ contra 20 mins 
Comp. = Complementary (platen and specimen holder both rotate in the same direction)   
Contra = Platen and specimen holder rotate in opposite directions 
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4. Results 
Porosity in ceramics plays an important role in controlling their properties. Pores are a 
source of stress concentration which cause subsequent crack growth resulting in a decrease in 
strength. Furthermore, pores reduce thermal conductivity. Hence, in order to maximise the 
mechanical and thermal properties of ceramics, the density needs to be considered. Without 
sintering aids, it is well known that SiC, TiC and ZrC are difficult to densify.  According to the 
literature reviews in Chapter 2, spark plasma sintering (SPS) is a rapid densification process of 
ceramic powders [16, 102, 127-129]. As with all sintering techniques, the performance of SPS 
depends on temperature. Therefore, SPS was used to prepare TiC and SiC at various 
temperatures to optimise the highest density for TiC-SiC and ZrC-SiC composite preparation. 
In addition, the results of SPS temperature optimisation and characterisation of SPSed TiC, 
SiC, TiC-SiC and ZrC-SiC composite will be explained in this Chapter.  
 
4.1 Spark plasma sintering (SPS) temperature optimisation  
The optimisation of ceramic processing started by finding the optimum SPS temperatures 
for SiC powders and TiC powders. Figure 4.1 shows the density of SPSed TiC and SPSed SiC 
as a function of temperature. The word “SPSed TiC” is defined as TiC which was sintered by 
SPS. It is clear that the densities of SiC and TiC were strongly dependent on the SPS 
temperature.  
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Figure 4.1 A plot showing the relative density against SPS temperature of the relationship 
between TiC and SiC 
 
Notably, a considerable difference in the relative density between TiC and SiC was 
found. TiC density increased gradually as a function of SPS temperature. The maximum 
relative density was ~97.5 % at 2000 °C and then slightly dropped to ~ 96.5 % at 2100 °C (the 
solid blue line, Figure 4.1 ). On the other hand, the relative density of SiC was approximately 
77 % at 2000 °C and dropped slightly to ~ 73 % at 2100 °C (the solid black line, Figure 4.1).   
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Figure 4.2 Secondary electron SEM micrographs of SPSed TiC at 2000 °C  
 
 
Figure 4.3  Grain size distribution curve of SPSed TiC at 2000 °C (calculated from 190 
grains) 
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Figure 4.2 shows a secondary electron SEM image of the SPSed TiC at 2000 °C. The 
grains had a polygonal shape. Notably, different grey levels, ‘contrast’, in the SEM image were 
observed relating to the surface texture and roughness of SPSed TiC grains. Furthermore, the 
different orientations of TiC grains have different hardness, thus during grinding and polishing 
process, the surface finish in each grain was different giving additional contrast in the SEM 
images. The image analysis software “ImageJ” was used to analyse grain sizes and shapes from 
SEM images. The grain size distribution of SPSed TiC (Figure 4.3) shows that the mean grain 
size was approximately 31 µm. For the SiC SPSed at 2000 °C, a continuous network of SiC 
(grey contrast) and micro-pore (black contrast) was present as shown in Figure 4.4, and the 
grain size could not be measured.  
 
 
Figure 4.4 Backscattered electron SEM micrographs (BSE SEM) of SPSed SiC at 2000 °C 
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Although at 2000 °C TiC and SiC reach the highest density, SPSed TiC is considerably 
denser than the SiC. Although for both materials the optimum density was at 2000oC, this did 
not necessarily mean that the same would be true for the composite material. Therefore, further 
SPS temperature optimisation was undertaken using a mixture of 50%mole TiC and SiC (TiC-
50%SiC) with the aim to get TiC/SiC composites containing dense TiC and SiC parts.  
The TiC-50%SiC composites were significantly denser than SPSed SiC and TiC. The 
relative density of the composites increased as a function of SPS temperatures and reached a 
maximum at 2100 °C as shown in Figure 4.5.  
 
 
Figure 4.5 Relative density of TiC-50%SiC versus SPS temperatures 
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Figure 4.6 SEM micrographs of TiC-50% SiC at SPS temperatures of 1800, 1900, 2000 and 
2100 °C. Note that the bright grey contrast represents a TiC grain, and the dark grey is a SiC 
grain according to chemical analysis by EDX-SEM  
 
Morphology analysis  
  
 
  
  
1800 ˚C 
1900 ˚C
  1800 ˚C 
2100 ˚C 
2000 ˚C 
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Figure 4.6 shows the BSE SEM images of TiC-50%SiC sintered at various temperatures. 
It can be seen that their microstructures are in good agreement with the measured relative 
densities. At 1800 °C, incomplete densification was observed in that pore and network of pores 
covered the entire of the sample surface. 
 
 
Figure 4.7  BSE SEM micrograph of TiC-50%SiC (SPSed at 2000 °C) 
 
At 2000 °C, Figure 4.7, although TiC-50%SiC was significantly denser than SPSed SiC 
and TiC network of pores was found primarily located in the SiC regions (as indicated by the 
yellow arrows in Figure 4.7). Thus, the densification process was not complete At 2100 °C, 
both TiC and SiC parts of TiC-50% were denser than at lower temperatures. However, the 
micro-pores still appeared at the triple points and grain boundaries, as shown in  
Figure 4.8, indicated by the green dashed circles. Some pores were a consequence of 
grinding and polishing processes [126] 
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Figure 4.8 (a) BSE SEM micrographs of TiC-50%SiC (SPSed at 2100 °C) and (b) its 
magnification. Note: the green circles represent micro-pores. 
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Figure 4.9 Energy-dispersive X-ray analysis (EDX) of TiC-50%SiC (SPSed at 2100 °C) 
 
A layer of bright contrast was observed along the grain boundaries, as shown in  
Figure 4.8. The SEM EDX (Figure 4.9b) confirmed that it was a zirconium compound which 
was likely contamination from the zirconia milling media (ZrO2). However, no peak 
corresponding to this compound was observed in the XRD patterns. 
 Figure 4.10 shows the XRD patterns of TiC-50% SiC SPSed at different temperatures 
using Cu Kα radiation (1.5416 Å) operating at 30 kV, 20mA and scanned from 10-80˚. There 
were no peaks at ~12˚ characteristic of 312 MAX phase and no evidence of by-products from 
TiC/SiC reaction [130]. The diffraction peaks corresponding to TiC (space group: Fm-3m [15]) 
were observed at 2ϴ of 35.8˚, 41.8˚, 60.6˚, 72.5˚ and 76.3˚. Notably, cubic SiC peaks (3C-SiC, 
F-43m [15]) overlapped with the cubic TiC peaks. The peaks at 33.7˚, 34.2˚, 34.8˚, 38.0˚ and 
65.7˚ represented α-SiC (hexagonal structure [15]) and confirmed that there was the β-α phase 
transformation.  
Furthermore, the XRD patterns were refined by the Rietveld method. Table 4.1 shows 
the weight percentage of β-SiC, α-SiC and TiC in TiC-50%SiC SPSed at the various 
temperatures (the phase contents were normalised by TiC content). The β-SiC phase content 
was inversely proportional to the SPS temperature; 11 % of the β-SiC transformed to α-SiC at 
1800 °C and approximately half at 2100 °C.  
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Figure 4.10 The XRD patterns of TiC-50% SiC SPSed at (a) 2100 °C and (b) various 
temperatures as labelled. 
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Table 4.1 The phase contents of TiC-50%SiC (refined by Rietveld method) 
 
Phase contents (% wt.) 
SPS temp. 
α-SiC β-SiC 
TiC Chi2 Rp 
6H-SiC 4H-SiC 3C-SiC 
1800 10.1 1.0 36.1 59.0 3.49 13.09 
1900 6.8 13.7 21.9 59.0 1.80 10.59 
2000 11.8 1.2 24.7 59.0 2.84 13.62 
2100 13.3 14.4 18.5 59.0 2.54 10.61 
Note: 1. Acceptable refinement parameters are; Chi2 less than 5 and Rp less than 15 %  
2. The phase contents of TiC-50%mole of SiC were normalised by TiC content. 
3. 50 TiC: 50 SiC (%mole) equals to 59/41 % wt. 
4. 70 TiC: 30 SiC (%mole) equals to 77/23 % wt. 
 
In summary, this investigation found that the optimal temperature to enhance the relative 
density was 2100 °C. Therefore, the SPS at 2100 °C was utilised to fabricate TiC/SiC 
composites.  
 
4.2 TiC-SiC composite characterisation 
4.2.1 Density results  
Table 4.2 shows the effect of TiC content on composite relative density.  When TiC 
contents increased (0 % to 100 % mol), the relative densities increased from ~ 73% to 99 % 
respectively.  Only dense samples (> 95% of the relative density) were further characterised. 
Therefore, the morphology of TiC-50%SiC and TiC-30%SiC were investigated along with 
their mechanical and thermal properties.      
 
Table 4.2 The relative density of SPSed TiC-SiC composite (at 2100 °C) with different mole 
ratio of TiC starting powder   
Sample code SiC (% mole) TiC (% mole) % Relative Density 
SiC 100 (SiC) 0 73.0 ± 1.2 
TiC-90%SiC 90 10 84.6 ± 1.9 
TiC-50%SiC 50 50 99.0 ± 0.1 
TiC-30%SiC 30 70 98.0 ± 0.1 
TiC 0 (TiC) 100 98.0 ± 0.1 
   Note: % mole is based on the starting powder before SPSing.   
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4.2.2 SEM results 
The composites were investigated by secondary electron (SE) SEM and backscattering 
electron (BSE) SEM along with EDX analysis.  The bright grey contrast represented TiC, and 
the dark grey contrast was SiC according to chemical analysis SEM EDX. Figure 4.11 shows 
the BSE SEM micrograph of TiC-50%SiC at low magnification. An alternating layer 
microstructure was observed in TiC-50%SiC composed of large grain zones consisting of large 
SiC and TiC grains (indicated by red arrows) dispersed in the matrix of small grain zones 
consisting of small SiC and TiC grains. Figure 4.12a shows the BSE SEM of interfaces between 
the large grain zone and small grain zone in TiC-50%SiC divided by a dashed line. Moreover,                      
the SEM micrographs were analysed for grain size and shapes by the ImageJ programme. 
Average TiC grain sizes in the small grain zone and the large grain zone were ~ 2.5 and ~ 4.5 
µm as shown in Figure 4.12b and Figure 4.12c, respectively.  
 
 
 
Figure 4.11 Low magnification BSE SEM micrograph of TiC-50% SiC (the arrows indicates 
the large grain zones dispersed over the specimen) 
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On the other hand, no evidence of the alternating layer structure was observed in TiC-
30% SiC. The average TiC grain size was about 3.5 µm as shown in Figure 4.13(b). Notably, 
SiC grains were located in three significant positions in TiC-SiC composites: a large 
agglomerate of SiC grains, along the TiC grain boundaries (intergranular) and inside TiC grains 
(intragranular). The SiC grain arrangement and composite morphologies will be explained in 
more detail by TEM and fracture surface SEM images in Section 4.2.4  and Section 4.2.9 
respectively. 
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Figure 4.12  (a) BSE SEM micrograph of TiC-50%SiC and TiC grain size distribution curve 
of (b) the small grain zone and (c) the large grain zone. Note: approximately 200 grains of 
TiC was used to plot a grain size distribution 
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Figure 4.13 (a) BSE SEM micrograph of TiC-30%SiC, and (b) TiC grain size distribution 
curve 
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4.2.3 XRD results  
Figure 4.14 displays the XRD patterns of TiC-50 % SiC and TiC-30% SiC. The 
diffraction peaks corresponding to TiC (space group: Fm-3m) can be observed at 2ϴ of 35.8˚, 
41.8˚, 60.6˚, 72.5˚ and 76.3˚ (ICSD 44494). Notably, several diffraction peaks of cubic SiC (β-
SiC, ICSD 24217) overlapped the peaks of TiC. In addition, peaks at 33.7˚, 34.2˚, 34.8˚, 38.0˚ 
and 65.7˚ were from hexagonal SiC (α-SiC), which consists of 6H-SiC and 4H-SiC (ICSD 
24169 and ICSD 24170, respectively), which confirmed the existance of the  β/α phase 
transformation.    
 
 
Figure 4.14 X-ray diffraction pattern of TiC-50%SiC and TiC-30%SiC 
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Table 4.3 illustrates the phase refinements of TiC-SiC composites SPSed SiC at 2100 °C.  
Approximately 40% of SPSed β-SiC (3C-SiC) transformed to α-SiC (6H-SiC and 4H-SiC), 
and about half of β-SiC in TiC-50%, SiC changed. However, more than half of β-SiC phase in 
TiC-30%SiC changed to α-SiC phase. 
 
Table 4.3 Phase refinement of TiC-SiC composites and SPSed β-SiC (2100 °C) 
 
        Sample  
Phase contents (% wt.)  
α-SiC β-SiC  
TiC 6H-SiC 4H-SiC 3C-SiC 
TiC-30%SiC 8.0 13.6 6.9 71.0 
TiC-50%SiC 11.8 12.8 16.4 59.0 
SiC 39.9 3.4 56.7 0.0 
  
 
4.2.4 TEM results  
Figure 4.15a and Figure 4.15b show the TEM micrographs of SiC grain arrangement in 
TiC-50%SiC and TiC-30%SiC, respectively, which confirmed the SiC grains by EDX-TEM. 
Their SiC grain shapes were a combination of equiaxed SiC grains and elongated SiC grains 
which could result from the β/α phase transformation. 
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Figure 4.15 TEM micrographs of (a) TiC-50% SiC and (b) TiC-30%SiC  
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Figure 4.16 TEM micrographs of (a) TiC-50%SiC and (b) its α/β grain composites  
Figure 4.16a shows the TEM micrograph of TiC-50%SiC illustrating the β-SiC grains. 
The insets show the electron diffraction patterns (ED) of adjacent grains (indicated as the “1” 
and “2” grains) and their interfaces (labelled as the “3” grain).  From the ED, it was identified 
that the “1” grain was at the [111] β-SiC zone axis. On the other hand, the “2” grain was close 
to the [1̅1̅3] zone axis. Figure 4.16b shows a α/β composite grain which the inset ED shows a 
superposition of [111]β and [110]α  exhibited the streak ED from the random disposition of 
discrete lamellae of different SiC polytypes.  
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Figure 4.17 TEM micrographs of (a) TiC-30%SiC and (b) the α/β grain composite grain 
Similarly, Figure 4.17a shows the TEM micrograph of TiC-30%SiC. The ED confirmed 
that grain A had transformed entirely to a α-SiC grain ([0001]α zone axis), and the grain B 
could be a α/β composite grain because the area of the α-SiC phase was found as indicated by 
the white box in Figure 4.17b which is in good agreement with Heuer’s report in that the β/α 
composite grains (consisted of α core and surrounding by β) from β →α phase transformation 
[131-134]. Additionally, the β and α patterns are easily identified (extra spots are introduced 
into the β diffraction pattern by an α polytypes) at/or near the [110]β zone axis, and also at this 
orientation the (111) and (0001) planes are seen edge-on and can easily be directly imaged, 
even though at moderate magnifications [131-134].  
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Figure 4.18 TEM micrographs of TiC-30% SiC: (a) the α/β composite grain, (b) SiC-SiC 
grain boundary, (c and d) lattice fringe of the α/β composite grain 
 
To further understand the β/α composite grains, the TiC-30%SiC specimen was tilted to 
the [011] zone axis (using 200 kV FEI Tecnai). The lattice fringe of β and α polytypes were 
seen as shown in Figure 4.18d. The differences in an interplanar structure were used as a phase 
identification. The 1.5 nm lattice fridges were identified as 6H-SiC and the 2.5 nm in the β 
phase [131]. In Figure 4.18c, similar features were found to those reported by Ogbuji et al., 
identified as partial dislocations [131-134]. Additionally, the β twin boundaries indicated by 
the solid arrow in Figure 4.18d, and the faulted layers denoted by the dashed arrow. 
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4.2.5 Thermal conductivity results 
Thermal conductivity (K) of TiC-SiC composites was measured using a thermal 
properties analyser (Anter Flashline TM 3000) with a high-speed Xenon discharge (HSXS 
pulse source) from 50 °C to 500 °C. The thermal conductivity results were compared with a 
reference dense SiC (Chen et al. [17]) to avoid a porosity factor. The K of SiC is significantly 
higher than that of TiC [15]. The K of our SPSed TiC is in good agreement with TiC synthesised 
by Xue et al.[135] in that the K was directly proportional to temperature as shown in Figure 
4.19. The K of TiC-30% SiC and TiC-50% SiC were approximately 70 and 50 W/m.°C at 50 
°C. However, their K slightly dropped to about 50 and 40 W/m °C at 500 °C, respectively.  An 
effect of SiC contents on the K of TiC-SiC composites will be discussed in Chapter 5.  
 
 
 
Figure 4.19 Temperature dependence of TiC-30%SiC and TiC-50% SiC thermal conductivity 
compared with SiC (Chen et al. [17])  and TiC (Xue et al. [135]) 
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4.2.6 Thermal analysis results 
Thermogravimetric analysis (TGA) and differential thermal analysis (DTA) were 
undertaken with the dried thin foil specimens of TiC-SiC composites in flowing argon at 
heating rates of 20 °C min−1 over the temperature range of 40-1450 °C. Figure 4.20 shows the 
TGA-DTA thermogram of TiC-50%SiC. The mass loss (~ 2.6 %) from the range of 40 - 153 
°C corresponded to a dehydration process (the endothermic reaction). The mass then increased 
due to an oxidation process at about 153-200 °C, which was in good agreement with the DTA 
with an exothermal peak at the same temperature range. From 180 to 1450 °C, the sample mass 
changed slightly. However, a temperature difference existed in the DTA thermogram resulting 
from the TiO2 phase transformation. An amorphous TiO2 completely formed at a temperature 
of approximately 180 °C, so the mass barely changed.  
The oxidation of TiC to TiO2 is a multi-step exothermic process consisting of four 
consecutive reaction steps: TiC→ oxycarbide (TiCxO1-x) → anatase TiO2 → rutile TiO2 [136]. 
Thus, broad exothermal peaks associated with the phase transformation after 180 °C appeared 
(Figure 4.20).  Notably, a huge broad exothermic peak around 1200 °C came from the oxidation 
of SiC resulting in a slight mass increase (less than 0.5 %) as shown in Figure 4.20. In the case 
of TiC-30%SiC, similar TGA-DTA thermogram features were observed, whereas the oxidation 
of SiC started at a higher temperature, 1200 °C as shown in Figure 4.21. 
Furthermore, TiO2 and SiO2 formation were confirmed by the BSE SEM EDX as shown 
in Figure 4.22. It can be seen that oxide layers formed on the surface of TiC-30% SiC with a 
slightly higher density on TiC areas as indicated by the blue area in the EDX mapping. Figure 
4.23 shows the SE SEM micrograph of TiC grains of post treatment TiC-50%SiC. We found 
the feature which looked like crystals cover TiC grains surface which could be the TiO2 and 
contaminations as reported by Ning et al. [137]. 
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Figure 4.20 TGA-DTA thermogram of TiC-50%SiC operated in argon gas with a 20 ˚C/min 
heating rate 
 
 
Figure 4.21 TGA-DTA thermogram of TiC-30%SiC operated in argon gas with a heating rate 
of 20 ˚C/min  
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Figure 4.22 BSE SEM and EDX mapping of the post treatment surface of TiC-30%SiC after 
the TGA-DTA measurement (40 to 1450 ˚C) 
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Figure 4.23 SE SEM micrograph of post surface TiC grains of TiC-50% SiC after the TGA-
DTA measurement (40 to 1450 ˚C) 
 
4.2.7 Mechanical property results 
Table 4.4 summarises the mechanical properties of TiC-SiC composites. The Vickers 
hardness of the composites (1 kg loading) increased proportionally to SiC content (Table 4.4) 
following the mixture rule [108]. Fracture toughness (KIC) of the composites was measured by 
an indentation method with 5 kg Vickers loading [21]. The KIC of TiC-30% SiC and TiC-50% 
SiC were approximately 7.9 MPa.√m, which were much higher than SiC and TiC ( 3.7 
MPa.√m) [19]. 
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Table 4.4 Main mechanical properties of TiC-SiC composites 
SiC ( % mole) Vickers hardness (GPa) KIC (MPa. √m) 
50 31  ± 3 7.9  ± 0.4 
30 25  ± 3 7.9  ± 0.2 
 
Crack paths from the Vickers indentation (5 kg loading) were investigated by SEM. 
Figure 4.24 shows the cracks on TiC-50%SiC surface, which propagated predominately along 
the grain boundaries: TiC/TiC, TiC/SiC and SiC/SiC (intergranular fracture mode). It was 
observed that the interaction between the cracks and the submicron SiC, which acted as 
deflectors, caused tortuous crack paths. Similarly, the surface fracture of TiC-30%SiC was 
shown in Figure 4.25.  
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Figure 4.24 (a) SE SEM micrograph of the surface fracture from 5 kg Vickers indention and 
(b) BSE SEM micrograph of the cracking path of TiC-50%SiC 
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Figure 4.25 (a) SE SEM micrograph of the surface fracture from 5 kg Vickers indention and 
(b) BSE SEM micrograph of the cracking path of TiC-30%SiC 
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4.2.8 Three-point bend test results  
TiC-50%SiC and TiC-30%SiC were cut into a bar shape and their surfaces were finished 
by polishing with 1 µm diamond suspension before bend testing. Figure 4.26 shows the flexural 
stress-stain curve of TiC-50% SiC and TiC-30%SiC. The dashed lines represent TiC-30%SiC 
curves of three repeating samples, while the solid lines show that of TiC-50%SiC.  
 
 
Figure 4.26  Flexural stress-strain curves of TiC-50%SiC and TiC-30%SiC 
 
86 
 
As can be seen from Figure 4.26, the flexural stress of TiC-30%SiC (350 - 650 MPa) was 
significantly higher than that of TiC-50%SiC (600-800 MPa). The variability was more 
extensive in the flexural strain than the flexural stress. Although most refractory carbides have 
high failure stress, they exhibit low ductility and toughness and usually fracture at ≤ 0.1% 
strain. However, all specimens of TiC-50% SiC and TiC-30% SiC failed at flexural strain > 
0.1%. There was an abrupt change in the slope of the stress-strain curves, which was believed 
to be a result from crack retarding processes. It can be implied that there were crack barriers or 
crack deflectors which slowed the crack propagation. The toughening associated with  these 
TiC-SiC composites was in good agreement with the KIC results from the indentation method 
in that as the SiC was introduced into TiC-SiC composites, the KIC increased.  
    
4.2.9 Fracture surface results  
To better understand the fracture mechanisms, the fracture surface of the TiC-50%SiC 
and TiC-30%SiC specimens from the three-point bend test were investigated by SE and BSE 
SEM. Figure 4.27a shows a TiC-30%SiC fractography image illustrating a macroscopic crack 
branching, which left rough and coarse fracture surfaces. Figure 4.27b shows that the SiC grain 
boundaries could be seen clearly, and their grain sizes were significantly smaller than that of 
TiC grains. 
87 
 
 
Figure 4.27 Fracture surface BSE SEM micrographs of TiC-30%SiC; (a) macroscopic 
cracked surface and (b) a higher magnification image 
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Figure 4.28 Fracture surface BSE SE of TiC-30%SiC showing the SiC grain distribution.  
Note: the yellow arrows indicate SiC grains at TiC grain boundaries, the red arrows indicate a 
group of SiC grains, and the white arrows indicate micro-pores  
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Additionally, micron SiC grains dispersed in the TiC grain matrix were observed. SEM 
images of TiC-30%SiC fracture surfaces were randomly taken in several areas and merged into 
one image as shown in Figure 4.28 to maximise the amount of information. Most of the micron 
size SiC grains were located in clusters. These were either in between the larger sized TiC 
grains, as indicated by the yellow arrows, or as a general agglomerate, as indicated by the red 
arrows. Internal micro-pores, as indicated by the white arrows, were distributed across the 
entire the specimen. A number of secondary cracks could be seen branching off from the 
primary crack.  
 
 
Figure 4.29 Schematic diagrams illustrating transgranular cracking patterns: (a) hackle and (b) 
twist hackle or ‘river’ pattern [118, 138] 
 
Two fracture modes were observed, namely, intergranular fracture (IG, along the grain 
boundaries), and transgranular fracture (TG, through the grains) for both the TiC-50%SiC and 
TiC-30SiC composites. The fracture surfaces of the IG were smooth and allowed the grain 
shape to be seen. Intergranular fracture also allowed the second phase at grain boundaries to 
be seen. In contrast, the TG fracture or ‘cleavage fracture’ forms when the crack front moves 
for one plane to another, so it leaves feature markings such as step cleavage, hackle and twist 
hackle [118, 138]. The hackle is lined on the crack surface running in the local direction of 
cracking being non-coplanar portions of the crack surface as shown in Figure 4.29a [118, 138]. 
Twist hackle known as “river” markings results from the propagation crack deflecting onto 
parallel planes in local, adjacent regions along the crack front as shown in Figure 4.29b [118, 
138].  
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Figure 4.30  Fracture surface BSE SEM of TiC-30%SiC illustrating a cracking line from the 
three-point bend test   
 
Figure 4.30a shows the crack of the TiC-30%SiC composite. As shown in Figure 4.30b 
most of the large TiC grains failed via transgranular fracture and exhibited rough fracture 
facets. However, there was also some IG fracture associated with the TiC grains, typically with 
the smaller grains. High magnification SEM images were taken to get more information about 
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the fracture paths and the microscale mechanism of cracking. Extensive IG cracking 
predominantly associated with the SiC grains can be seen in Figure 4.31a, indicated by the red 
arrows. This allowed the SiC grain morphology to be seen clearly, with both equiaxed and 
elongated grain shapes observed.  Extensive TG fracture can also be seen in Figure 4.31b, 
primarily associated with the TiC. The cleavage facets were associated with river lines or ‘twist 
hackle’ of crack propagation (the white arrows). This allowed the crack propagation direction 
to be identified and the point at which the crack propagated from one grain to another to be 
seen. One such example is shown in Figure 4.31b where the start of the cleavage facet can be 
seen to be associated with a micro-void, indicated by the yellow circle. Significant cleavage 
steps were observed, identified by the black arrows.  
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Figure 4.31  Fracture surface BSE SEM of TiC-30%SiC illustrating the IG fracture (indicated 
by the red arrow) and the TG fracture 
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Figure 4.32 Fracture surface BSE SEM of TiC-30%SiC illustrating the TG cracks in TiC and 
SiC grains as indicated by the yellow arrows 
Figure 4.32a also shows the river pattern in a large TiC grain as indicated by the white 
arrow. Similarly, there was the TG fracture in SiC grains as well indicated by the yellow arrows 
in Figure 4.32b.    
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Figure 4.33 Fracture surface BSE SEM micrographs illustrating the macroscopic cracked 
surface of TiC-50%SiC  
As mentioned in Section 4.2.2, TiC-50%SiC morphology consisted of the large grain 
zones of TiC/SiC dispersed in the small grain zones of TiC/SiC. Figure 4.33 shows a 
macroscopic and microscopic SEM image of TiC-50%SiC. The macroscopic fracture surface 
of TiC-50%SiC was smoother compared to the TiC-30%SiC in that the crack surface was in 
alignment with the loading direction in the three-point bend test.  As can be seen in Figure 4.33, 
the ridges of the large TiC/SiC grain zones, as indicated by the white arrows, were observed 
where crack branching tended to propagate along the interfaces of the large and small TiC/SiC 
grain zone, which may have acted as local stress fields. 
Figure 4.34a shows the interfaces between the large and small grain zones (the dashed 
line). Figure 4.34b shows the fracture surface of small grain zone where the IG fracture 
dominated in SiC grains. Figure 4.34c shows the fracture surface of the large grain zone where 
most of the SiC and TiC grains failed by TG fracture as can be seen from the cleavage facets. 
Extensive secondary micro-cracking was observed at the grain zone interfaces which possibly 
were introduced by differences of thermal mismatch strains between TiC and SiC grains.   
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Figure 4.34 Fracture surface BSE SEM of TiC-50%SiC illustrating SiC grain distribution; (a) 
at the interfaces between a large grain zone an small grain zone, (b) in the large grain zone, 
and (c) in the small grain zone 
96 
 
 
Figure 4.35 Fracture surface BSE SEM of TiC-50%SiC illustrating; the intergranular 
(indicated by the red arrow), the transgranular (indicated by the yellow arrow) TiC and SiC 
grains, and glassy phases (indicated by the black arrow) in the large grain zone 
Figure 4.35 shows multi-fracture modes in both the coarse grained and fine grained zones 
of TiC-50%SiC. The yellow arrows point to the TG fracture, and the red arrows indicated the 
IG fracture. Evidence of glassy phases along the grain boundaries was observed on TiC/SiC 
and TiC/TiC interfaces which tended to encourage the cracks propagating along grain 
boundaries indicated by the black arrows.  
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Figure 4.36 Fracture surface BSE SEM of TiC-50%SiC showing the transgranular and 
intergranular fractures indicated by the yellow arrows and the red arrows, respectively. The 
white arrow in (b) shows the direction of crack propagation.  
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Figure 4.36 shows other crack patterns in the SiC grains of TiC-50%SiC. Figure 4.36a 
shows the twist hackle lines in SiC grains that form a river pattern, with multiple steps in the 
crack propagation path. Figure 4.36b shows a secondary crack in a large TiC grain which 
contains an intragranular SiC particle. The crack appears to have originated from the top of this 
grain and followed hackle lines, and resulted in transgranular propagation through the SiC 
grain, but also resulting in a secondary crack at the interface between the SiC and the TiC. 
Figure 4.36c shows large SiC grains (the dashed rectangles) which exhibit both IG and TG in 
the same grain.  
Overall, based on the observed fractographic features, TiC-30%SiC and TiC-30%SiC 
showed brittle fracture with several crack propagation mechanisms.  For the IG fracture, some 
fracture facets were featureless, whereas some contained glassy phased as the grain boundaries. 
For the TG fracture, the cleavage surface was dominated by changes in the precise cleavage 
plane giving characteristic river pattern appearance, presumably as a result of the local 
microstructure.  
 
4.2.10 Fracture toughness results by precracked bend testing  
There are two primary methods used to determine the toughness (KIC) of ceramics; the 
indentation and a precracked bend test. A series of pre-cracks were introduced into the TiC-
30%SiC and TiC-50%SiC specimens using a 10 kg Vickers indentation before the three-point 
bend testing. The approach to calculating the KIC was explained in Chapter 3. The KIC and 
specimens details of TiC-30%SiC from the bend tests is shown in Table 4.5. 
 
Table 4.5 Summary of the calculated KIC of precracked TiC-30%SiC beams from the three-
point bend test and the specimen sizes  
TiC-30%SiC KIC 
(MPa. √m) 
Precrack  length 
(µm) 
Thickness 
(mm) 
Width 
(mm) samples 
1 6.9 348 ± 47 1.6 5.0 
2 7.3   354 ± 125 1.6 4.2 
3 6.9 292 ± 44 1.6 3.0 
4 7.4 374 ± 36 1.6 3.0 
5 5.9 327 ± 69 1.6 4.0 
Avg. KIC 6.9 ± 0.6    
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Figure 4.37 (a) Stress-strain curve of precracked TiC-30%SiC and (b) a plot at low strains 
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An average precrack size was measured in order to calculate the KIC from Equation 3.8, 
as shown in Table 4.5. The KIC of TiC-30%SiC and TiC-50%SiC were 6.9 ± 0.6 and 6.4 ± 0.9 
MPa.√m, respectively, from the bend tests shown in Table 4.5 and Table 4.6. Although the KIC 
from the indentation method was consistently higher than the bend test, the trend in toughness 
measurements was in good agreement. Both bend test results and indentation found no 
statistically significant differences in the KIC of TiC-30%SiC and TiC-50%SiC composites.  
The stress-strain curves from the precracked TiC-30%SiC specimens are shown in Figure 
4.37. Notably, TiC-30%SiC flexural strain (Figure 4.37) was more than that of TiC-50%SiC 
(Figure 4.39). The precracks were characterised by SEM after the bend test. Figure 4.38a and 
b show SEM images of the multiple Vickers indentation on TiC-30%SiC specimens.  The 
precrack surfaces exhibited a corrugated structure. Figure 4.38c shows that radial cracks with 
~ 500 µm in diameter formed underneath the indents. Coarse hackles were clearly observed, 
which associated with a change in a crack direction and was utilised to identify precrack 
boundaries. 
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Figure 4.38 Vickers indented precracks in TiC-30%SiC at (a-c) increasing magnifications  
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Table 4.6 Summary of the calculated KIC of precracked TiC-50%SiC beams from the three-
point bend test and the specimen size 
TiC-50%SiC KIC 
(MPa. √m) 
Precrack  length 
(µm) 
Thickness 
(mm) 
Width 
(mm) samples 
1 6.9 276 ± 30 2.0 5.0 
2 7.3 253 ± 46 2.7 3.6 
3 6.7 249 ± 64 2.5 4.0 
4 5.7 224 ± 33 1.7 3.9 
5 5.2 216 ± 31 2.0 4.0 
Avg. KIC 6.4 ± 0.9    
 
Figure 4.40a and b show the precrack series in the TiC-50%SiC with a ridged texture. 
Additionally, Figure 4.40c shows an indented crack. The ridge formed during the crack 
realignment to the plane of maximum stress showing slightly different contrast to the rest of 
the fracture surface can be seen clearly in TiC-50%SiC compared to TiC-30%SiC. The 
diameter of median crack was about 500 µm, similar to TiC-30%SiC. 
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Figure 4.39  (a) Stress-strain curve of precracked TiC-50%SiC and (b) a plot at low strain 
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Figure 4.40 Vickers indented precracks in TiC-50%SiC at (a-c) increasing magnification  
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4.3 Results of ZrC-SiC composite characterisation 
ZrC-SiC composites were prepared by SPS at 2100 °C based on the SPS temperature 
optimisation in Section 4.1. The characterisation results will be explained in this section.  
 
4.3.1 Density results  
Table 4.7 shows the relative density of ZrC-SiC composites with a variable mole ratio of 
β-SiC.  The relative density of the ZrC-50% SiC, ZrC-30% SiC relative and ZrC were similar.    
 
Table 4.7 The relative density of SPSed ZrC-SiC composites (at 2100 °C) with various mole 
ratio of β-SiC starting powder  
Sample codes SiC ( % mole) % Relative Density 
ZrC-50% SiC 50 98 ± 0.2 
ZrC-30% SiC 30 97 ± 0.2 
ZrC 0 (ZrC) 98 ± 0.4 
 
4.3.2 XRD results  
Figure 4.41 gives the X-Ray diffraction patterns of ZrC/SiC composites.  They mainly 
consisted of ZrC (ICSD 43370) and β-SiC (3C-SiC, ICSD 24217). However, the peaks of α-
SiC (6H-SiC, ICSD 24169, and 4H-SiC, ICSD 24170) confirmed the presence of β/α phase 
transition.  Furthermore,  the peaks at 27.25˚ to 32.25˚ were zirconium dioxide (ZrO2)  [22].    
 
 
Figure 4.41 X-ray diffraction patterns of ZrC-30% SiC and ZrC-50% SiC 
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4.3.3 SEM results  
Figure 4.42 compares the BSE SEM images of ZrC-50% SiC and ZrC 30% SiC compared 
to SPSed ZrC. The SiC grains were considerably smaller than the ZrC grains in ZrC-50% SiC 
and ZrC-30% SiC.  The ZrC grain size reduced significantly with the addition of SiC, and 
further reduced in going from 30% to 50% SiC. Figure 4.44 gives that the average ZrC grain 
sizes of ZrC-50% SiC and ZrC-30% SiC composites, which were 2.5 and 3.5 µm respectively. 
Figure 4.43 shows the SEM-EDX mapping of ZrC-30% SiC which the bright contrast 
represents ZrC grains, and the black contrast was SiC grains.  
 
 
Figure 4.42 BSE SEM images of (a) ZrC-50% SiC, (b) ZrC-30% SiC, and (c) ZrC 
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Figure 4.43 SEM-EDX mapping of ZrC-30% SiC 
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Figure 4.44 the ZrC grain size distribution of (a) ZrC-50% SiC and (b) ZrC-30% SiC 
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Figure 4.45 the BSE SEM of ZrC-50% SiC at (a) low magnification (b) medium 
magnification and (c) high magnification   
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Figure 4.46 the BSE SEM of ZrC-30% SiC at (a) low magnification (b) medium 
magnification, and (c) high magnification   
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Figure 4.45a shows the BSE SEM images of ZrC-50% SiC. SiC grains located in two 
dominant positions: intergranular (Figure 4.45b) and intragranular (Figure 4.45c). The SiC 
grains were well distributed in the ZrC matrix which exhibited polygonal grain shapes.                                                               
Figure 4.46 gives SEM images of ZrC-30% SiC. In contrast to ZrC-50%, SiC volume 
contents were much less.  Similar to ZrC-50% SiC, SiC grains in ZrC-30% SiC were uniformly 
distributed in the ZrC matrix.  
 
4.3.4 Mechanical property results  
Table 4.8 summarises the mechanical properties of ZrC-SiC composites. The Vickers 
hardness of the ZrC-50% SiC and ZrC-30% SiC were 18 ± 3 GPa and 23 ± 3 GPa, respectively. 
At 30 mole % SiC showed the highest Vickers hardness among 50% SiC and ZrC. In addition, 
the fracture toughness (KIC) measured by the indentation method showed that the presence of 
SiC enhanced the KIC of ZrC-SiC composites. The KIC were 3.6 ± 0.2 and 3.2 ± 0.3 MPa √m 
for ZrC-50% SiC and ZrC-30% SiC, respectively, whereas ZrC and SiC was 1.1 MPa √m [79] 
and  2.6-3.4 MPa √m [46], respectively.   
 
Table 4.8 Summary of the Vickers hardness and the fracture toughness (KIC) of ZrC-SiC 
composites with the various SiC contents   
Sample code SiC ( % mole) 
Vickers hardness 
(GPa) 
KIC 
(MPa. √m) 
ZrC-50% SiC 50 18  ± 3 3.6 ± 0.2 
ZrC-30% SiC 30 23 ± 3 3.2 ± 0.3 
ZrC 0 (ZrC) 19 ± 2 1.1 [79] 
 
In addition, the surfaces containing Vickers indentation at 5 kg were investigated by 
SEM. Figure 4.47 shows the cracking paths of ZrC-50% SiC. Cracks travelled along grain 
boundaries and then deflected when interacting with SiC grains. The crack lines were tortuous 
(indicated by the dashed yellow lines). Therefore, the crack propagation required more energy 
to pass through. Consequently, ZrC-50% SiC was tougher than the monolithic material. Figure 
4.48 represented the cracking paths of ZrC-50% SiC which exhibited similar intergranular 
cracking to ZrC-50% SiC. Furthermore, crack branching was observed when the crack 
interacted with a group of SiC grains as shown in Figure 4.48b. 
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Figure 4.47 BSE SEM images illustrating the cracking paths of ZrC-50% SiC at (a) low 
magnification and (a) high magnification   
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Figure 4.48 BSE SEM images illustrating the cracking paths of ZrC-30% SiC at (a) low 
magnification and (a) high magnification which represents the crack branching    
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4.3.5 Fracture surface SEM results  
Figure 4.49 shows the stress-strain curves of ZrC-50% SiC and ZrC-30% SiC obtained 
from the three-point bend test. The ZrC-50% SiC exhibited significantly higher flexural stress 
than that of the ZrC-30% SiC. This may have been a result of many different microstructural 
features such as the SiC distribution, porosity, grain size, residual flaws and residual stresses. 
However, the Young’s modulus of the two materials was not significantly different which was 
considered by the slope of these plots.  
 
 
Figure 4.49  Stress-strain curve of ZrC-50% SiC and ZrC-30% SiC conducted by the three-
point bend test with 0.24 mm/min loading at room temperature 
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Figure 4.50 shows a macroscopic SEM image of TiC-50%SiC fracture surface. The 
cracked surfaces was smooth (a characteristic of brittle fracture).  It is in good agreement with 
the stress-strain curve in that there was no plastic deformation before failure (Figure 4.49).  
 
 
Figure 4.50 Macroscopic fracture surface SEM of ZrC-50% SiC  
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Figure 4.51 Fracture surface BSE SEM of ZrC-50% SiC  
 
Figure 4.51 presents the BSE SEM images of ZrC-50% SiC illustrating the ZrC and SiC 
grain arrangement.  |The SiC and ZrC grains had a uniform distribution. Their grain sizes were 
not significantly different in this composite. Submicron SiC gains were located within ZrC 
grains, whereas large SiC grains were located along grain boundaries. There was a mixture of 
fracture modes in the ZrC-50% SiC. Figure 4.52a shows the TG cracking in SiC and ZrC grains 
as indicated by the yellow arrows.  Notably, cracking was predominantly transgranular for the 
ZrC and SiC grains larger than approximately 2 µm. However, for small SiC grains (yellow 
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area in Figure 4.52), IG cracking was observed which left smooth fracture surfaces. Figure 
4.52b shows that ZrC filled micro-gaps between SiC grains (the blue arrows).  Greater detail 
of the fracture modes in the ZrC and SiC grains is shown in Figure 4.53. The TG fracture as 
indicated by the yellow arrows show the river patterns and exhibited terrace-like steps when 
crossed grain boundaries, which may occur due to the different orientations of neighbouring 
grains.  
 
Figure 4.52 High magnification BSE SEM fracture surface of ZrC-50% SiC illustrating (a) 
TG, and (b) IG cracking in SiC grains  
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Figure 4.53 High magnification BSE SEM fractural surface of ZrC-50% SiC representing (a) 
the TG cracking and (b) zoomed in area 
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Furthermore, Figure 4.54 shows a macroscopic fracture surface SEM image of the ZrC-
30% SiC. Similar to ZrC-50% SiC, the fracture surface was a smooth brittle surface.  
 
 
Figure 4.54 Macroscopic fracture surface of ZrC-30% SiC  
 
 The SiC grain sizes of ZrC-30% SiC was slightly smaller than that of ZrC-50% SiC as 
shown in Figure 4.55. There were no significant differences in ZrC grain structures between 
ZrC-50% SiC and ZrC-30% SiC 
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Figure 4.55 Fracture surface BSE SEM of ZrC-30% SiC 
 
Additionally, the TG and IG fracture surfaces were found in ZrC-30% SiC. As can be 
seen in Figure 4.56a and b, the red arrows indicated the IG cracking; the yellow arrows 
represented the TG cracking. At the agglomerated SiC grains (the area of dashed yellow line 
in Figure 4.56a), the cracks travelled along the grain boundaries (TG). The black arrows in 
Figure 4.56a indicated the crack paths that changed direction when associated with submicron 
SiC located inside ZrC grains.  Additionally, the glassy phase was observed on the fracture 
facets as shown in Figure 4.56b.  
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Figure 4.56 High magnification BSE SEM fracture surface of ZrC-30% SiC 
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Figure 4.57 High magnification SEM images of ZrC-30% SiC fracture surfaces illustrating  
ZrC grains which failed via (a) IG fracture and (b) TG fracture  
 
Furthermore, the submicron SiC grains embedded in the ZrC grains (the intragranular 
SiC grains) can be seen in Figure 4.57a.  The SiC grains had a round shape with the glassy 
phase on their surface. The various cleavage surfaces from the TG fracture were observed in 
ZrC grains as shown in Figure 4.57b which could be attributed to the crystal planes and their 
orientations.   
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4.3.6 The thermal conductivity results  
The thermal conductivity (K) of ZrC-30% and ZrC-50%SiC were approximately 30 and 
50 W/m °C at 50 °C, respectively.  These followed the rule of mixtures in which thermal 
conductivity increased proportionally to SiC contents and slightly dropped as temperature 
increases.  Notably, the K remained roughly stable over the temperature of 100-500 °C.  
 
 
Figure 4.58 Temperature dependence of thermal conductivity of ZrC-30% SiC and 50% SiC 
compared with SiC (Chen et al.) [17] and ZrC (Katoh et al. ) [34]  
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4.3.7 Thermal analysis results  
Thermogravimetric analysis (TGA) and differential thermal analysis (DTA) were 
undertaken on dried thin foil samples in flowing argon at heating rates of 20 °C min-1 over the 
temperature range of 40-1450 °C. Figure 4.59 shows the TGA-DTA thermogram of ZrC-50% 
SiC. The mass loss (~ 5 %) from the 40 -157 °C corresponded to a dehydration process (the 
endothermic reaction). The mass then increased about 3 % due to an oxidation process (the 
exothermic reaction) from the range of 157 – 400 °C. After that, the mass barely changed until 
1450 °C. Apparently, there was an endothermic peak (the dehydration) at 57 °C and an 
exothermic peak (the oxidation of ZrC) at 150 °C which is in good agreement with the TGA 
results. Similarly, Figure 4.62 represents the TGA-DTA thermogram of ZrC-30% SiC which 
exhibited slightly different behaviour to the ZrC-50% SiC in that there was 2% mass loss from 
dehydration process, and 0.75 % mass gain from oxidation process.   
The resultant surfaces of ZrC-50% SiC and ZrC-30% SiC were investigated by SEM as 
shown in Figure 4.61 and Figure 4.62, respectively. It can be seen in Figure 4.61 that the rough 
oxide layers of ZrO2 covered over ZrC grains (represented by the bright contrast). On the other 
hand, the texture of SiC was significantly harsher than that before the testing (the black 
contrast).  
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Figure 4.59 TGA- DTA thermogram of ZrC-50% SiC operated in argon gas with the 20 
°C/min heating rate 
 
 
Figure 4.60 TGA- DTA thermogram of ZrC-30% SiC operated in argon gas with the 20 
°C/min heating rate 
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Figure 4.61 SE SEM of ZrC-50% SiC after the TGA-DTA measurement  
  
 
Figure 4.62 SE SEM of ZrC-30% SiC after the TGA-DTA measurement  
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5. Discussion 
5.1. Spark plasma sintering of SiC powders 
The SPS results of SiC will be discussed based on the fundamental concept of sintering. 
The sintering of ceramic powders consists of non-densifying mechanisms (surface diffusion, 
lattice diffusion, and vapour transport) and densifying mechanisms (grain boundary diffusion, 
lattice diffusion, and plastic flow) [83]. As shown in Figure 5.1, the non-densifying 
mechanisms (‘1’, ‘2’ and ‘3’) lead to the neck growth between particles without causing pore 
shrinkage, whereas the grain boundary diffusion and the lattice diffusion  (‘4’ and ‘5’) from 
the grain boundaries  to fill the pores leading to densification [83]. Some fundamental factors 
have a significant effect on sintering such as the sintering temperatures, applied pressure 
average particle size, gaseous atmosphere, powder characteristics and particle packing. In this 
work, the effects of SPS temperature was investigated on the resultant SiC and TiC densities.  
 
 
 
Figure 5.1 Schematic illustrating the sintering mechanisms for a system of two particles [83] 
 
As mentioned in Chapter 2, the solidification of SiC without sintering aid is difficult 
because of the strong covalent bond of Si-C. [139, 140].  Due to the absence of sintering aid in 
this work, the sintering process of SiC was solid state sintering. According to SEM images of 
SPSed SiC (Section 4.1), their microstructures are the evidence that the sintering of SiC at the 
SPS temperature range of 1600-2100 °C was not complete. There are three stages of sintering 
process: the initial stage, the intermediate stage, and the final stage which is defined by the 
microstructure and the relative density [34, 90, 102, 141]. At the SPS temperature of 2000 °C, 
128 
 
the microstructure of SPSed SiC (Figure 4.4 in Chapter 4) suggested an intermediate sintering 
stage because of the observed solid particle networks and sharp concave necks between 
individual particles.  
Unexpectedly, the relative density of SPSed SiC at 2000 °C was higher than at 2100 °C 
(Figure 4.1 in Chapter 4). The possible explanation for this may be a combination of the 
diffusion mechanism and the β-α phase transformation (started at 2000 °C) [15, 46].  In 
crystalline and polycrystalline materials, the matter transportation relates to the diffusion of 
atoms, ions or molecules depending on the type and concentration of defects. The rate of 
diffusion increases rapidly with increasing temperature, which can be explained by Fick’s law 
[83]. Furthermore, the β-α phase transformation is not only generating imperfection or ‘ 
defects’ such as free surfaces, grain boundaries, stacking faults and crystallographic shear in 
the SiC structure as mentioned in Section 4.2.4, but also decreasing the Gibbs energy by the 
growth of the α-SiC plate reported by Mitchell et al.[132]. Overall, they could encourage the 
better matter diffusion rate at 2000 °C. Thus the density of SiC reached the maximum 
obtainable.  
 
5.2. The effect of incorporation of TiC into TiC-SiC Composites 
From Section 4.2.1, the relative density of TiC-50%SiC was considerably higher than 
SPSed TiC and SPSed SiC monolithic materials. This result may be explained by the fact that 
the diffusion on the surface and through the lattice is quicker in TiC than in SiC due to lower 
TiC bond energy compared to SiC [15, 17, 19, 21, 129, 135]. Therefore, the dissolved TiC can 
diffuse and fill voids in the SiC components leading to the higher relative densities of TiC-
50%SiC as confirmed by SEM images ( Figure 4.7 and Figure 4.12).  
The grain size control is another benefit from the introduction of 50%TiC into SiC. 
Figure 4.3 and Figure 4.12, show that the TiC grains in TiC-50%SiC were considerably smaller 
than that of SPSed TiC. These results suggest that the presence of SiC grains cause retardation 
of the TiC grain growth. During the grain growth process, grain boundaries require sufficient 
energy to move as shown in Figure 5.3 [48, 83]. However, as the presence of inclusion, pores 
or other phases along grain boundaries, cause an increase in this energy. Therefore, the grains 
have high potential to stop growing, if they do not have enough energy to move on [48, 83]. 
Similar to this finding, as confirmed by the TiC-50%SiC morphology investigation in Section 
0, the TiC grain boundaries were pinned when they interacted with the SiC grains located along 
TiC grain boundaries. 
129 
 
According to the SEM image of TiC-50%SiC (Figure 4.8), both intragranular and 
intergranular SiC were observed in the TiC-50%SiC microstructure. Intergranular SiC tends to 
be a result of particle packing. Figure 5.2 illustrates the packing model of various particle size 
powder which supports this work in that small SiC grains located along the TiC grain 
boundaries, which have considerably larger grain sizes (Figure 4.8). On the other hand, the 
formation of intragranular SiC in TiC-50%SiC can be explained by an energy balance. Figure 
5.3 is a schematic illustrating the intragranular SiC formation  which is adapted from reference 
[83]. When a submicron SiC is attached to the grain boundary (“attached” in Figure 5.3), during 
grain growth, the grain boundaries tend to drag the SiC grain (“dragging” in  Figure 5.3) 
resulting in an increase in the area and surface energy. In order to balance the overall energy, 
the grains are likely to separate to decrease the surface energy, therefore allowing them to 
contract, and leave the SiC grain in isolation (“separated” in Figure 5.3). Additionally, it has 
been reported that this kind of structure leads to an increase in the fracture toughness of 
composites [142-145]. The mechanical tests of TiC-50%SiC will be explained in the following 
the section.  
 
 
Figure 5.2 Model of particle distribution in 2D packing 
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Figure 5.3 Schematic of SiC grains interaction with a migrating grain boundary, where 
initially SiC grain is attached to the grain boundary and the occupied area which is adapted 
by [83] 
 
5.3. Discussion of TiC-SiC composites characterisations  
In this section, the structure-property correlation will be discussed based on the evidence 
found and shown in Chapter 4.       
 
5.1.1 Morphology of TiC-SiC composites 
The incorporation of SiC leads to the high relative density of TiC-SiC composites and 
also affected the morphology of each phase, as confirmed by the SEM and TEM results. An 
alternating layer structure was found in TiC-50%SiC, whilst TiC-30%SiC exhibited the 
uniform distribution of SiC grains. Hence, it is clear that the SiC content has an influence on 
TiC-SiC microstructures. There are two possible reasons for the formation of a TiC/SiC large 
grain zone dispersed in a TiC-SiC small grain zone matrix (Figure 4.12). Firstly, the adhesive 
force on fine SiC particles (1 µm) could lead to an agglomeration of SiC particles and TiC/SiC 
as well. Secondly, the mixing process of TiC and SiC powder is complicated and depends on 
the charge on the surface of the particles. This will be different for SiC and TiC and will depend 
on the amounts present. This makes it difficult to obtain the optimum mixing conditions  
This study has confirmed that TiC-SiC composites gain an advantage in grain shape 
control by the presence of SiC. According to the XRD results (Section 4.2.3), although 
approximately half of the starting β-SiC phase in TiC-50%SiC and TiC-30%SiC transformed 
to α-SiC phase, no elongated grains (aspect ratio ≥ 3), which is a particular characteristic of α-
SiC grains, were observed. According to the TEM results (Section 4.2.4), the SiC grains in 
TiC-50%SiC, and TiC-30% SiC included a mixture of equiaxed and elongated grains with an 
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aspect ratio ≤ 3.  The presence of TiC matrix is likely to make it difficult for the grain growth 
of α-SiC. In contrast to the present results, Zhan et al. reported an effect of β-SiC contents on 
the α/β-SiC composite microstructure. Less than 30 % wt. of β-SiC exhibited a fine equiaxed 
grains morphology (Figure 5.4a), whereas for SiC contents higher than 30 % wt., the grains are 
elongated significantly (Figure 5.4b) [146].  
 
 
Figure 5.4 The SEM images illustrating grain morphology of SiC grain with less than 30 % 
wt of α-SiC and (b) more than 30% wt of α-SiC reported by Zhan et al. [146]  
 
Even though TiC-50%SiC and TiC-30%SiC reached 99% and 98% relative densities, 
respectively, micro-pores still appeared which could have been a result of transient stresses due 
to the differential shrinkage of TiC and SiC grains. The thermal expansion coefficients of TiC, 
β-SiC and α-SiC are 7.4, 3.8 and 5.1 10-6 C°−1 ,respectively [15]. Hexagonal α-SiC has an 
anisotropic expansion, whereas cubic TiC and β-SiC are isotropic. Figure 5.5 shows the 
schematic explaining a formation of micro-pore at the TiC/SiC interfaces. TiC grains expand 
greater during a sintering process and shrink more during a cooling process. Hence, it leaves 
the micro-crack: radial cracks and/or circumferential cracks at their interfaces depending on 
the shrinkage direction and the interaction between surrounding grains [48].  Consequently, the 
TiC/SiC interfaces have lower density compared to the bulk density because of these micro-
pores. 
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Figure 5.5 Schematic diagram illustrating the effect of the differential thermal expansion of 
two phases in the flaw formation at their interfaces [83, 147]  
 
The glassy phases of Zr compounds from milling media were found in TiC-30%SiC and 
TiC-50% as shown in Figure 5.6. Moreover, it be clearly seen that the glassy phase was 
distributed along the grain boundaries. Although the glassy phases could make the TiC/SiC 
interfaces weaker, they encourage the crack propagation along grain boundaries (IG fracture), 
Figure 5.6b.  In addition, the glassy phase filled in the micro-voids at the grain boundaries and 
triple boundaries, therefore TiC-SiC composite densities increased [83]. 
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Figure 5.6 The BSE images illustrating the glassy phase at the grain boundaries on (a) the 
polished surface and (b) the fracture surface 
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5.1.2 Fracture toughness of TiC-SiC composites  
The drawback of refractory carbides is their brittleness. The development of ceramic 
fracture toughness (KIC) has been the subject of considerable research interest. In this project, 
it is confirmed that the combination of SiC and TiC can cause the toughening. Remarkably, the 
indentation KIC of TiC-50%SiC and TiC-30%SiC (7.9 ± 0.4 and 7.9 ± 0.2 MPa. √m. 
respectively) was considerably higher compared to TiC, SiC, and other previous reports as 
shown in Table 5.1.  
 
Table 5.1 Fracture toughness (measured by the indentation method) of SPSed SiC-TiC 
composites reported by Luo et al.[21] 
SiC 
( % mole) 
TiC 
(% mole) 
Relative density (%) 
Fracture toughness 
(MPa. √m) 
93 7 99.4 4.8 ± 0.2 
86 14 99.5 5.3 ± 0.4 
78 22 99.8 5.8 ± 0.3 
69 31 100 6.3 ± 0.4 
Note: SiC-TiC composites were synthesised by SPS at 1800 °C with 40 MPa for 10 minutes 
 
 
Figure 5.7  Strain-strain curve of TiC-30%SiC sample 2 and TiC-50%SiC sample 3 
illustrating the toughening process  
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As shown in Figure 5.7, the selected stress-strain curves of TiC-50%SiC and TiC-
30%SiC exhibited a toughed composite behaviour because the stiffness, ‘slope’, of the curve 
changed significantly before failure. Moreover, the flexural stain at the breaking point was 
larger compared to a typical brittle ceramic. It may be implied that the crack propagation was 
delayed by some features in the composites. At low stresses, TiC-50%SiC responded linearly 
with high stiffness till the point A. Then the strain deviated considerably which maybe because 
of the generation of micro-cracks in TiC matrix. At the stage A→B, the slope of the stress 
strain curve dramatically drops which could result from the crack propagation originating from 
the micro-crack. However, the slope of the stress strain curve increases again from point B → 
C and then breaks at point D which implies that the toughening processes exists which could 
from the interaction between cracks and crack barriers that result in the crack changing 
direction.   
Likewise, for the TiC-30%SiC composite, the slope of the stress-strain curve changes 
from the “1” point till the “4” point before breaking. Notably, the flexural stress at fracture of 
TiC-30%SiC (~ 800 MPa) is significantly higher than that of TiC-50%SiC (~400 MPa). 
Moreover, considering an area under the stress-strain curve, which particularly relates to the 
toughness of materials, TiC-30%SiC shows significantly larger than that TiC-50%SiC. 
However, unexpectedly, no significant difference was found in the KIC of TiC-50%SiC, and 
TiC-30%SiC measured from the indentation method and precracked bend testing.  
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Figure 5.8 BSE SEM micrographs (a and b) and (c) TEM micrographs of TiC-50%SiC 
5 µm
500 nm
20 µm
(a)
(b)
(c)
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Further SEM analysis of the fracture surface was used to explain the failure processes. In 
composites, grain size and the interface strength play an importance role in controlling crack 
direction. The crack will follow the easiest path through the material, which may not 
necessarily be the shortest path. Understanding the crack propagation is difficult because of the 
interaction between the different variables.  For example, the crack may not follow the weakest 
interface because of the local residual stresses. Equally, the crack may propagate in a 
transgranular manner even if the grain boundary is weaker if the path length along the grain 
boundary is too long. The grain size has a major effect as it controls both the residual stresses 
and the crack path length [138]. In the current work, the cracks preferred travelling through the 
larger TiC grains rather than the smaller SiC grains. Also, the transgranular fracture was more 
dominant in the large TiC/SiC grain zone of TiC-50%SiC than the smaller grain region, (Figure 
5.8a). On the other hand, intergranular fracture was observed in the submicron SiC grains and 
the small TiC grains. Stress fields from second phase interfaces may induce the intergranular 
mode and allow the crack to easily propagate along the grain boundaries.  Cheng et al. pointed 
out that the transition of fracture modes is the main reason for the improved toughness in TiC-
SiC composites [148].  
Crack deflection is a crucial toughening process in TiC-SiC composites which depends 
on grain size, grain morphologies and volume fractions of the phases present. Variation in 
elastic anisotropy (EA) and thermal expansion anisotropy (TEA) of TiC and SiC can cause 
local stresses around the submicron SiC grains which act as good crack deflectors. Therefore, 
the degree of tortuosity increases during the crack propagation. Furthermore, the intragranular 
SiC grains (Figure 5.8b, indicated by the dashed arrow) not only induce the tangential tensile 
stress resulting in crack propagating toward the grains but also act as crack deflecting grains.  
Cracks prefer travelling along the weakest interfaces such as micro-pores, defects, and 
weak interfaces. Similarly, the β/α interfaces, partial dislocations and/or faulted layers in the 
SiC composites grains (Figure 5.8c) also induce the crack transition (indicated by the dashed 
circle, Figure 5.8b).  This is in good agreement with Zhan et al. in that the degree of β → α 
transformation resulting in a significant improvement in fracture toughness due to crack 
deflection and bridging mechanism [146].  
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5.1.3 Thermal properties of TiC-SiC composites 
Lattice vibration (‘phonon’, kp) and conducting electrons (ke) participate in the heat 
transfer within TiC and SiC.  According to Section 4.2.5, the thermal conductivity (K) of TiC-
SiC composites was stable from 100 to 500 °C due to the opposing changes in the K of TiC 
and SiC with temperature. The K of SiC (a covalent carbide ceramic) dramatically decreases 
with increasing temperatures because of a significant increase in a phonon scattering (Umklapp 
scattering) [15, 46].  In contrast, TiC (an interstitial carbide ceramic) has a unique heat transfer 
in that the K increases with increasing temperatures due to a significant increase in the ke of 
TiC [15].   
Contrary to expectation, the K of TiC-50%SiC and TiC-30%SiC did not follow the rule 
of mixtures as shown in Figure 4.19. Although SiC exhibits greater K than TiC, the K slightly 
decreases as SiC contents increase from 30 to 50%, over temperatures of 50 to 500 °C. 
Therefore, other factors crucially impact on the K such as microstructures, defects and 
impurities.  Micro-pores may be the main reason for the decreasing K of TiC-50%SiC. The 
presence of TiC/SiC inclusions (the large grain zone as mentioned in Chapter 4) in TiC-50% 
SiC leave the micro-pores at their interfaces containing air, which has very low thermal 
conductivity (0.026 W m−1 K−1), decreasing the heat transfer [108]. Moreover, defects also 
have a potential effect on decreasing K. According to the TEM results (Section 4.2.4), partial 
dislocations and twin boundaries were found in the α/β SiC grains, which cause more phonon 
scattering leading to a reduction in the K. The higher the SiC content, the more defects in the 
sample. Therefore, it is reasonable that TiC-50%SiC exhibited the lower K according to the 
combination of micro-pores and defect factors.  
Thermal stability was investigated by TGA- DTA followed by SEM analyses of the 
resultant surfaces. TiC-50% SiC and TiC-30% SiC have excellent thermal stability with only 
a slight mass change in the range of 50 - 1450 °C.  Oxide layers formed over the TiC and SiC 
grains of TiC-30%SiC and TiC-50%SiC. Active silicon oxide layers have been reported that 
can reduce the strength of materials, whereas passive silicon oxide layers lead to the formation 
of coherent silica layer over the silicon carbide surface, thereby improving its performances in 
several applications [15, 46, 149]. Their formation depends upon the nature of the substrate 
used, atmosphere, and oxygen partial pressure [149]. Banu et al. reported the oxidation of 
mixed TiC-SiC powder [150]. SiC starts being oxidised to passive oxide layers at about 650 
°C, whereas TiC is readily oxidised to oxycarbide and then further crystallise to anatase further 
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crystallisation to anatase and rutile TiO2 at about 450 °C [151]. This is consistent with the 
exothermal peaks appeared in our DTA results (Section 4.2.6) 
  
5.4. Discussion of the ZrC-SiC composite characterisations  
In this section, the structure-property correlation will be explained based on the evidence 
found and shown in Section 4.3.  
 
5.1.4 Morphology of ZrC-SiC composites  
According to the high melting point and low self-diffusion coefficients, it is difficult to 
achieve sufficiently dense ZrC without sintering aids. SPS is the most appropriate technique 
for additive-free densification [16, 96, 98, 152-155]. Zhou et al. found that the relative density 
of ZrC reached 94.4 % by SPSing at 2100 °C [128]. In contrast, for hot pressing (HP), it was 
only 83% at 2000 °C [156].  
In this work, the SPSed ZrC reached 98 ± 0.4 % at 2100 °C without sintering aids. 
However, no significant differences between the relative density of ZrC-30%SiC and ZrC-50% 
were found (97 ± 0.2 and 98 ± 0.2%, respectively). In contrast, Pizon et al. reported that as SiC 
contents increased from 10% to 30 %, the relative densities of ZrC-SiC composites were 100 
% and 97 % respectively, compared to ZrC (87 %). From this work, an introduction of SiC 
does not significantly influence their densities, whereas it is the crucial effect on their 
microstructures. The presence of SiC grains inhibits the grain growth of ZrC grains in ZrC-SiC 
composites. As SiC contents increased, the ZrC grain sizes got smaller; 2.5 and 3.5 µm for 
ZrC-50% and ZrC-30% SiC, respectively. Therefore, it may result from an excellent 
distribution of spark/Joule heat throughout the powder and zirconium oxycarbide (ZrCxOy) 
formation. The oxygen atoms can quickly enter into the ZrC lattice as the interstitial vacancies 
and rapidly form ZrCxOy (x < 1 and y << 1) at low temperature [80]. In addition, Katrin et al. 
confirmed the formation of ZrCxOy during the manufacturing process improves Zr lattice 
diffusion [127]. Hence, the sintering behaviour of ZrC power improves and promotes a better 
densification process. Moreover, carbon vacancies in substoichiometric ZrC enhance atomic 
diffusion during the sintering process [22, 79, 80, 127, 153, 155, 157, 158]. 
The XRD results confirm that there was a zirconium dioxide (ZrO2) formation in SPSed 
ZrC, ZrC-30%SiC and ZrC-50%SiC. ZrCxOy can be further reduced to be ZrC, or/and can be 
oxidised to ZrO2 [79].  However, in this research, the oxygen contents in starting ZrC powder 
were not measured before SPSing. Hence, zirconium oxycarbide and zirconium oxide might 
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have come from the starting ZrC powder. This is more probable than being generated during 
the sintering process since the graphite mould promotes reducing conditions.  
The results of this study will now be compared to the findings of previous work. Zhao et 
al. studied the microstructure of ZrC and ZrC-30%SiC SPSed at 2100 °C and observed 
intragranular pores in SPSed ZrC, but no evidence of them were found in ZrC-30%SiC, as 
shown in Figure 5.9a [128]. In contrast to this work, only micro-pores from pull-out grains and 
intergranular pores were found as shown in Figure 5.9b. Regarding Zhao’s report, SiC grains 
in ZrC-30%SiC were only located along grain boundaries. In contrast, in this work, we found 
the intragranular SiC (Figure 5.9b) which may be due to the low migration speed of SiC. 
Therefore, submicron SiC grains were trapped within ZrC grains during the sintering process 
[22, 79, 80, 88, 127, 128, 153, 155, 158].  
 
Figure 5.9 Comparing the microstructure of SPSed ZrC-30% SiC  reported by (a) Zhao et al. 
[128] and (b) this work  
 
5.1.5 Mechanical properties of ZrC-SiC composites 
The ZrC-50% SiC (3.6 ± 0.2 MPa √m ) and ZrC -30%SiC (3.2 ± 0.3 MPa √m) in this 
work showed higher fracture toughness than that of ZrC reference (1.1-2.7 MPa √m [79]).  The 
incorporation of SiC in the ZrC matrix leads to a substantial reduction in ZrC grain sizes, which 
may result in a decrease in the initial crack size. Intragranular SiC grains can also deflect cracks, 
therefore crack propagation is retarded and consequently the KIC increases (Figure 5.10) [159]. 
According to the SEM results in Section 4.3.3 and fracture surface results in Section 4.3.5, due 
to the variation of SiC and ZrC size, the transition between trans- and intergranular fracture 
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were observed which may have retarded the crack propagation  and therefore resulted in an 
increase in the KIC of ZrC-SiC composites in this work.  
 
Figure 5.10 (a) Schematic diagram of crack propagation of grains containing submicron 
intragranular grains [159] comparing with (b) fracture surface SEM images of ZrC-30%SiC 
in this work 
Contrary to expectation, according to Vickers hardness results (Section 4.3.4), there was 
no significant differences between ZrC-SiC composites and SPSed ZrC. Moreover, it is 
apparent from their stress-strain curve (Figure 4.49) that ZrC-30%SiC (~ 270 MPa) have much 
lower flexural strength than ZrC-50%SiC (~ 625 MPa). However, the flexural strength of ZrC-
30%SiC was slightly lower than the standard value of stoichiometric ZrC (337 MPa) [128]. It 
is well known that the bend test of ceramics is quite sensitive to flaws in specimens [48].  
Hence, localised flaws created from the specimen preparation might lead to a decline in the 
flexural strength [48].  
 
5.1.6 Thermal properties of ZrC-SiC composites  
Not only mechanical properties improved by the incorporation of SiC, but also thermal 
properties. In this work, the thermal conductivity of ZrC-50%SiC and ZrC-30%SiC were 
considerably higher than SPSed ZrC and stable over 500 °C. ZrC is prone to oxidation readily 
at low temperature [80, 97, 98, 160]. On the other hand, it is well known that SiC has high 
oxidation resistance and also form passive oxide layer to protect the surface from further 
oxidation [15, 46]. According to TGA/DTA results in section 4.3.7, small mass changes were 
observed for ZrC-50%SiC and ZrC-30%SiC in the temperature range of 200 - 1450 °C. From 
the BSE SEM-EDX of resultant TGA/DTA specimens, there were oxide layers on ZrC and SiC 
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grains. This evidence implies that after the passive silicon oxide layer was formed, this layer 
protected the specimen from further oxidation. Therefore, the mass of ZrC-SiC composites was 
stable in the temperature range of 200-1450 °C.   
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6. Conclusions  
SiC, TiC, ZrC and their composites are promising candidates for Gas-cooled fast reactor 
(GFR) and Very high-temperature reactor (VHTR). Large properties databases are required for 
efficient material selection for Gen IV reactors; however, to date the extent of research in this 
field is not sufficient. This project was undertaken to investigate the physical, thermal and 
mechanical properties of dense TiC-SiC and ZrC-SiC composites. 
For TiC-SiC composites, we succeeded in; 
 Fabricating dense TiC-SiC composites (with 30% and 50% mole of SiC) by spark 
plasma sintering (SPS) without sintering aids at 2100 °C, 50 MPa for 15 minutes.  
 Gaining good fracture toughness (7.9 MPa. √m); considerably higher than previous 
reports and higher than for TiC and SiC.  
 Modifying microstructure in that TiC grains of TiC-SiC composites are significant 
smaller than that pure TiC. Also, SiC grains are less elongated shape than that of pure 
SiC.  
 Understanding their toughening processes of the TiC-SiC composites are the crack 
deflection and the crack transitions (intergranular ↔ transgranular) from the 
differences in grain size and arrangement of SiC and TiC. 
 Gaining the acceptable and stable thermal conductivity (K) over the temperature range 
of 100-500 °C (the K of TiC-30%SiC and TiC-50%SiC were 50 and 70 W/m °C at 50 
°C respectively.  
On the other hand, ZrC-SiC composites (with 30% and 50% mole of SiC) were prepared 
by the same procedure as TiC-SiC composites. The fracture toughness of ZrC-30%SiC and 
ZrC-50%SiC were 3.2 and 3.6 MPa.√m respectively, which is significantly higher than ZrC. 
Regarding their fracture surface results, intragranular SiC grains in ZrC-SiC plays an essential 
role in deflecting crack directions. Also, the thermal conductivity of ZrC-30%SiC and ZrC-
50%SiC was tuned to be stable at the range of 100-500 °C (30 and 50 W/m. °C at room 
temperature, respectively).    
Although they bear some similarities, the differences between ZrC-SiC and TiC-SiC 
were pronounced. In this work, the mechanical properties (hardness, flexural stress and fracture 
toughness) of TiC-30%SiC and TiC-50%SiC were far better than that of ZrC-30%SiC and ZrC-
30%SiC.  From TGA-DTA results, ZrC-SiC composites were prone to be oxidised at a lower 
temperature compared to TiC-SiC composites.  
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7. Future work 
Because of limited time, TEM of the ZrC-SiC composites was not undertaken. This could 
provide insight into the poor fracture toughness of these composites. TEM could also be used 
to further understand the TiC-SiC composite failure mechanisms.  In this work, the stress fields 
and residual stresses that would generate because of difference in thermal expansion of α-SiC, 
β-SiC, TiC and ZrC, have not been fully investigated, which is important to develop a full 
understanding of the fracture mechanisms. High-temperature XRD analysis and Raman 
microscopy are proposed for this investigation.  
At present, few studies have investigated induced irradiation damages on TiC-SiC and 
ZrC-SiC composites and their interfaces. Therefore, for the future work, the SiC-SiC, TiC-SiC, 
ZrC-ZrC and ZrC-SiC composites should be irradiated by Kr/He/Xe to determine the relative 
fluencies required for each carbide phase for amorphisation. Additionally, in situ irradiation 
along with post-irradiation characterisations by advance TEM, and atom probe tomography 
would be beneficial information in order to understand amorphisation, gas bubble formation 
and damage tolerance. Understanding how such materials behave whilst undergoing induced 
radiation damage is paramount to understanding the applicability of these materials. 
TiC-SiC composites are not only promising candidates for nuclear application but also 
tribological ceramics. It would be interesting to study the wear behaviour of these composites 
in the continuous or reciprocating conditions along with the corrosion test of TiC-SiC 
composites in order to efficiently determine wear-resistant applications during the service life.  
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